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A  basic  approach  for  understanding  the  ductility  behavior  of  Intermetal  1 ics  through  studies 
of  mechanical  properties  and  dislocation  characteristics  of  single  crystals  was  applied  to  a 
nickel-base  Li 2  phase  compound.  Large  single  crystals  of  binary  and  tantalum-modified 
Ni3Al  alloys  with  various  stoichiometry  were  produced  for  tensile  testing  at  293  to  1144K 
f  along  four  major  orientations:  <001 >,  <01 1 > ,  < 1 1 1 >  and  <123>.  For  the  binary  alloys  the 
tensile  ductility  generally  decreases  with  temperature  for  all  orientations  and  reaches  a 
minimum  at  about  1000K  for  the  nickel-rich  (hypostolchiometric)  alloy  A1240.  For  a  given 
temperature  the  ductility  decreases  in  the  order  <110>,  <123>,  <001 >  and  < 1 1 1 >  in  A1240.  The 
ductility  of  the  stoichiometric  and  hypostolchiometric  binary  alloys  is  lower  and  shows  a 
more  complex  temperature  and  orientation  dependence  than  A1240,  In  contrast  to  the  binary 
alloys,  the  ductility  of  the  tantalum-modified  ternary  alloys  shows  a  rather  different 
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temperature  dependence.  either  iremaining  relatively  unchanged  for  orientations 
deforming  primarily  by  {ill}  < 1 1 0>  octahedral  slip  or  Increasing  with 
temperature  for  orientations  In  which  {001}  < 1 1 0>  cube  slip  dominates.  The 
stoichioeietric  effect  is  most  pronounced  In  the  ternary  alloys.  The 
hypos  to icHiometric  ternary  alloy  was  rather  brittle  except  at  the  highest 
temperature. 

The  orientation  and  temperature  dependence  of  ductility  in  all  the  alloys  were 
shown  to  be  related  to  the  probability  and  strength  of  inter-slip  interactions 
of  the  octahedral  and  cube  slip  systems.  The  probability  of  interaction  was 
assessed  by  weighing  all  the  octahedral  and  cube  systems  with  the  magnitudes 
of  the  resolved  shear  stresses  and  the  respective  critical  resolved  shear 
stresses.  Strain  hardening  was  used  as  an  index  for  the  strength  of  inter-slip 
Interactions.  Based  on  the  different  types  of  dislocations  observed  in  these 
alloys  a  relationship  between  the  strength  of  Interaction  and  dislocation 
features  was  proposed.  A  model  was  developed  which  satisfactorily  mimicked  the 
ductility  behavior  In  a  ternary  alloy  studied.  Some  alloying  directions  for 
improving  the  ductility  in  N1,A1  alloys  without  compromising  the  strength 
are  also  indicated. 
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1 . 0  INTRODUCTION 


The  turbine  section  of  a  turbofan  engine  operates  under  the  most  extreme 
condition*.  Stress**  and  temperatures  are  at  high  levels  and  compounded  by 
the  steep  gradients  and  complex  component  geometries.  Both  turbine  blades  and 
disks  demand  the  most  advanced  mechanical  properties  to  sustain  these  operating 
conditions.  Nickel  superalloys  have  provided  the  required  characteristics  and 
the  success  of  engines  over  the  past  twenty  years  can  be  traced  in  no  small 
measure  to  the  success  of  these  alloys.  However,  new  engines  will  be  required 
to  rotate  faster  and  operate  at  higher  temperatures  to  achieve  the  stretch 
performance  goals  that  have  been  established.  To  reach  these  requirements, 
radically  new  approaches  to  alloy  design  are  needed. 

It  is  generally  recognized  that  development  of  conventional  nickel 
superalloys  has  reached  a  point  of  diminishing  returns  and  thus  new  directions 
must  be  Investigated.  One  of  the  approaches  to  achieve  the  required  property 
increases  is  to  develop  alloys  based  on  intermetallic  compounds.  The  approach 
is  based  upon  the  observation  that  the  ordered  structure  of  compounds  often 
translate  Into  superior  high  temperature  properties.  However,  engineering 
application  is  presently  restricted  by  ductility  deficiencies,  for  most  of  the 
high  melting  temperature  intermetallic  compounds  are  rather  brittle  at  ambient 
temperatures. 

The  brittleness  of  intermetallic  compounds  can  be  traced  to  several 
factors,  the  lack  of  grain  boundary  cohesive  strength,  microstructure  and 
Intrinsic  deformation  behavior  and,  in  the  case  of  compounds  with  noncubic 
crystal  lattice,  anisotropic  thermal  properties  also.  The  intrinsic  deforma¬ 
tion  and  ductility  behavior  of  intermetallic  compounds  are  the  subject  of  this 
investigation.  There  is  a  general  recognition  that  intrinsic  plastic  flow 
behavior  is  important  in  governing  the  ductility  and  toughness  of  inter- 
metallics.  In  particular,  the  requirements  of  five  independent  slip  systems 
for  arbitrary  deformation  at  low  homologous  temperatures  is  well  known. 
Theoretical  studies  have  also  shown  the  importance  of  dislocation  core  struc¬ 
tures  on  dislocation  mobility,  flow  and  fracture  behavior  (References  1,  2  and 
3).  However,  there  have  been  relatively  few  experimental  studies  on  these 
deformation  features  in  intermetallics  at  ambient  temperatures  due  primarily 
to  the  fact  that  most  intermetallics  of  interest  are  brittle  in  polycrystalline 
form  at  such  temperatures .  The  use  of  single  crystals  alleviates  such  problems 
and  permits  the  intrinsic  flow  and  fracture  behavior  of  intermetallics  to  be 
studied  in  greater  details. 

The  primary  objective  of  this  program  is  to  study  the  intrinsic  flow  and 
fracture  behavior  of  Ni.Al  alloys  in  single  crystal  form.  There  are  several 
rather  obvious  reasons  for  this  selection.  Ni^Al  phase,  as  the  strengthening 
phase  for  nickel  superalloys,  is  one  of  the  best  known  intermetallic  compounds. 
The  strength  characteristics  of  Ni^Al  alloys  have  been  subjects  of  numerous 
experimental  and  theoretical  studies  in  the  past  three  decades.  Significant 
advances  have  been  made  recently  in  improving  the  grain  boundary  strength  of 
certain  Ni^Al  alloys  (References  4  and  5),  raising  the  expectation  that  such 
an  intermetallic  may  be  developed  into  engineering  alloys.  However,  the 
ductilizing  effect  of  the  boron  addition  is  rather  restricted.  It  fails  to 
ductilize  alloys  with  aluminum  content  exceeding  about  25  atom  %  (hyperstoi- 
chiometric  alloys)  or  alloys  rich  in  solutes,  especially  those  which  substitute 
for  A1  and  provide  considerable  strengthening  such  as  Ti  and  Ta.  A  clue  to 
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the  ductility  problem  in  certain  polycrystalline  Ni^Al  alloys  has  been  provided 
recently  from  a  Pratt  &  Whitney  study  which  indicated  that,  in  contrast  to  tn«s 
well-known  high  ductility  of  the  binary  Ni^Al  single  crystals,  certain  alloyed 
Ni_Al  single  crystals  can  be  quite  brittle  depending  on  specific  alloy  compo¬ 
sition  and  stoichiometry.  This  observation  suggests  that  a  potentially 
fruitful  approach  for  improving  the  ductility  and  toughness  of  strong  Ni ^Ai 
alloys  is  through  understanding  of  alloying  and  stoichioaatne  effects  on 
intrinsic  deformation  behavior  of  such  alloys. 

1.1  Background  and  Alloy  Selection  Logic 

Fundamentally,  plastic  deformation  is  accomplished  by  generation  and 
movement  of  dislocations  through  a  crystal  lattice.  Thus,  the  intrinsic 
ductility  of  a  crystal  is  governed  by  the  ease  with  which  dislocations  are 
generated  and  the  mobility  of  these  dislocations.  It  can  be  shown  analyticaiiv 
that  both  dislocation  parameters  are  influenced  by  the  conf igurat lonal  st rue 
ture  of  the  dislocations.  An  ordered  lattice  increases  the  number  and  com¬ 
plexity  of  potential  configurations  and  various  types  of  structures  have  be** 
proposed  depending  on  the  fault  energies  (References  6,  7  and  8). 

The  possible  types  of  dislocation  dissociations  and  their  associated 
planar  faults  in  the  Ll^  lattice  has  been  suonarized  recently  by  Pope  and  E*» 
(Reference  9).  Alloying  can  change  the  fault  energies  and  favor  one  i vpe  oj 
dislocation  configurational  structure  over  the  other.  For  example,  addition 
of  Nb,  Ta  or  V  to  Ni^Al  tends  to  reduce  the  antiphase  boundary  (APB)  c*n 

{001}  planes  and  favor  a  simple  configurational  structure  consisting  of  two 
superlattice  dislocations  connected  by  a  strip  of  APB.  The  change  in  fault 
energies  in  a  given  lattice  can  also  lead  to  instability  of  the  lattice  Toward 
a  derivative  structure.  These  alloying  effects  on  dislocation  conf igurat ionai 
structure  and  lattice  stability  has  also  been  discussed  by  Pope  and  Ext 
(Reference  9)  and  by  Mishima,  et  al.  (Reference  10)  and  schematically  Illus¬ 
trated  in  Figure  1.  As  shown  in  Figure  1  that  addition  of  Nl ,  Ta  and  Sn  to 
nickel  alloys  could  theoretically  lead  to  three  different  'tertvative 
structures  and  have  the  following  consequence  on  the  dislocation  confSgura- 
tional  structure.  Addition  of  Ni  in  excess  of  the  stoichiometric  composition 
tends  to  reduce  the  {111}  APB  energy  and  eventually  result  in  Al  structure 
when  added  in  sufficient  quantity.  The  transition  elements  Nb.  Ta  and  V  ’end 
to  reduce  the  {001}  APB  energy  in  the  Ll_  lattice  and  transforming  it  to  DO., , 
when  added  in  sufficient  amounts.  Alloying  with  Sn  tends  to  reduce  the 
stacking  fault  (SF)  energy  of  the  Ll_  lattice  and  eventually  transforming  it 
to  the  structure. 

As  results  of  various  changes  in  fault  energies,  different  types  of 
dissociation  of  the  superlattice  dislocations  are  considered  likely  to  occur 
in  these  Ni^Al  alloys.  Reducing  the  {111}  APB  energy  is  likelv  to  lead  to 
dissociation  by  formation  of  APB  and  complex  stacking  faults  (CSF)  on  mi) 
planes  according  to  the  following  reaction  (Reference  11): 

[101]  =  1/6  [ I 1 2 ]  +  1/6  [211]  +  1/6  [112]  +  1/6  [211]  Mi 

Increasing  the  APB  energy  anisotropy  (reducing  the  (001)  APB  energy)  is  likelv 
to  result  in  a  simpler  dissociation  of  the  type 

[i01J  =  1/2  [101]  ♦  1/2  [101]  <2) 
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which  ewsult »  m  *up«e let ?  lew  ismiuu  staexing  faults  (SISF)  on  {111} 
p l  anew . 

Thwew  ere  very  fee  st^dl**  j t  tbwsw  alloying  effects  on  the  type  of 
dlslucae iu«  1 1  **ioc  uc  i  j<i.*  en4  t±nm  attempting  to  relate  the  various  possible 
types  }t  ■UsUeetlu*  ii  **««:  let  l  e»  with  »h*  intrinsic  deformation  and  ductility 
bwhav loe  m  Mi^Ai  elluys 

A  primary  Jbjeetive  it  this  progress  is  to  study  the  relationship  between 
the  dislocation  eonf igvrat i one l  structure  end  the  deformation  and  ductility 
behavior  in  Ml  }Al  alloys.  The  phase  stability  concept  described  above  provides 
e  good  basis  for  selection  of  alloying  additions  for  such  a  study.  To  produce 
«  diversity  of  dislocation  cent igurat tonal  structures  for  study,  we  selected 
binary  alloys  with  three  levels  of  Mi  content  and  tamary  alloys  with  additions 
of  ta  and  In.  The  concent  rat  ions  of  Ta  and  Sn  were  selected  to  be  5  atom 
percent  and  A  atom  percent,  respectively  which  hopefully  would  be  low  enough 
to  avoid  format  ion  of  wmbr lit  ling  secondary  intermetal 1 ic  phases  and  high 
enough  to  produce  some  effects  on  dislocation  dissociation  behavior.  The 
ailoy*  selected  which  *re  shown  in  Table  l,  are  grouped  into  three  series: 
the  binary  alloys.  Ta-modifled  and  Sn-modified  tamary  alloys.  The  alloys  are 
designated  alpha-burner ically  in  which  the  ternary  addition  is  indicated  by  the 
chemical  symbols  foil owed  by  the  concent  rat  ions  of  aluminum  and  the  alloying 
addition,  e.g.  3n*l4  indicates  a  ternary  Ni.Al  alloy  consisting  of  21  atom 
percent  aluminum.  4  atom  percent  tin  and  the  balance  is  nickel. 

1.2  Nl^AL  Alloy  Intrinsic  Chjctlllty  Factors  and  Study  Plan 

Tensile  elongation  of  the  single  crystals  at  fracture  was  used  as  a 
measure  of  intrinsic  ductility  on  an  alloy.  Even  in  a  simple  uniaxial  tension 
situation  the  study  of  Intrinsic  ductility  limiting  factors  is  quite  complex. 

A  review  of  literature  suggested  that  the  following  factors  should  be  consid¬ 
ered  (References  9.  12-15): 

1.  Slip  Interactions  between  octahedral  systems  and 
octahedral -cube  systems. 

2.  Critical  resolved  shear  stresses  for  octahedral  and  cube  slip. 

3.  Dislocation  core  structure. 

The  relative  importance  of  these  factors  depends  on  test  conditions,  such  as 
temperature  and  orientation  of  the  stress  axis,  and  on  material  parameters 
such  as  alloy  composition  and  stoichiometry.  To  gain  insight  into  the  slip 
system  and  dislocation  interactions  we  shall  analyze  the  yield  strength 
characteristics,  strain  hardening  and  fracture  behavior  and  examine  disloca¬ 
tion  features  using  transmission  electron  microscopy  technique.  Further,  to 
facilitate  the  analysis  we  shall  focus  on  orientations  of  the  following  stress 
axes  which  would  maximize  the  differences  in  slip  interactions: 
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<00 1 >  No  shear  stress  on  the  cube  planes. 

<111>  Near  maximum  shear  stress  on  the  cube  planes  and 
minimum  shear  stress  on  the  octahedral  planes. 

<123>  Equal  shear  stress  on  cube  and  octahedral  planes. 

There  is  ample  theoretical  work  to  show  convincingly  that  dislocation 
core  structure  is  another  important  consideration  for  determining  the  intrinsic 
ductility  of  a  crystal  (References  1,  2  and  3).  In  particular,  dislocations 
with  planar  core  structure  tend  to  be  more  mobile  than  those  whose  cores  which 
dissociate  on  several  crystallographically  equivalent  planes.  However,  direct 
observations  on  the  dislocation  core  structure  is  difficult,  if  not  impossible, 
at  present.  It  was  proposed  that  yield  strength  asymmetry  in  tensile  and  com¬ 
pressive  tests  could  be  used  as  an  indirect  indication  of  the  dislocation  core 
structure  (Reference  16).  Following  the  procedures  described  in  Reference  16, 
<011>  orientation  of  the  stress  axis,  which  provides  the  needed  data  for 
determining  the  tension-compression  asymmetry  was  also  included.  Finally  an 
attempt  was  made  to  integrate  some  of  the  experimental  observations  into  a 
model  for  predicting  ductility  behavior  of  Ni^Al  single  crystals. 


2.0  EXPEII.HOiTA! 


2.1  Preparation  of  Single  Cryx'al  Specimens 

2.1.1  Growth  of  Single  Crystal 

Single  crystals  of  alloys  given  m  table  .  *•!«  • 

modified  Bridgeoan  crystal  growth  technique.  »  kg  1 2 c'  it-  1  cj  «.*<.  t  »...^» 

were  melted  in  vacuum  by  induction  heating  using  nign  w/eerne i*  Ui  (i« 

charge.  The  molten  metal  was  then  poured  into  a  prefteeied  Kieu  >(»..  m«..a 
with  a  helical  crystal  starter  at  the  bottom  w»uch  was  i*»  with  » 

water-cooled  copper  chill.  After  pouring,  the  aol4  was  ».o>»jr  !ii» 

the  furnace  under  conditions  selected  to  proeeste  gr-omth  at  « 

For  most  runs,  the  initial  withdrawal  rate  was  ‘e  am.  h<s*uf  f  at  .cic  #i«uu» 
after  which  the  rate  was  increased  to  102  am/ hour  tat  the  a  tie 

crystal.  Based  on  previous  experiments,  this  technique  frpiceil*  teev.,1*  .* 
crystals  with  an  <001>  growth  direction.  In  some  cases  several  «  ombinat  ;<.m* 
of  temperature  and  growth  rate  parameters  were  triad  4al»t»  high  q>*#,n» 
single  crystals  could  be  produced.  A  schematic  diagram  at  the  <rvsta«  gt owing 
system  is  given  in  Figure  2.  More  details  of  the  direct  io*\#.  *c,  i«si  f  it  •  «.  ion 
process  for  growth  of  single  crystals  mey  be  found  m  l»}«r»ac»  1‘  The 
crystals  produced  for  the  current  studies  are  *C  am  l«  diameter  end  .*C  <m 
long.  Such  large  crystals  are  necessary  in  order  to  have  wvffiriemt  awtetis. 
for  machining  of  tensile  specimens  with  stress  ««••  » .  ^g  r«tlw»r  n*‘ct 
crystal  directions.  The  appearance  of  the  single  crrste.  ingot  ?«**'*•*<:  * » f*tr 
the  shell  mold  is  shown  in  Figure  *. 

2.1.2  Characterization  of  Large  Single  Crystal  Ingot. 


The  single  crystal  Ingots  were  centerless  ground  and  iser  r <-et  r  he  4  tr. 
determine  the  presence  of  any  secondary  grains  Such  grains,  if  ftwwwnt .  w*t* 
marked  and  the  remaining  single  crystal  further  character 4 red  using  s*ri 
reflection  Laue  x-ray  diffraction  technique.  Because  of  the  lsrg»  i  •<  men*  i  rm« 
(90  mm  diameter,  180  aa  long)  of  the  crystals  used  in  n>v»r  studies.  «e«si 
variations  in  crystal  orientation  due  to  formation  of  *ut»gr*in«  were  often 
encountered.  To  obtain  an  average  orientation  for  the  large  ctTst#;*  -,t  wa« 
necessary  to  sample  the  crystal  orientation  at  different  location*  ^n  the 
bottom  and  top  faces  of  the  crystal.  Typical  It  fire  spot  <  were  •  1  ®c  ’  t  .  i « hed 
at  each  end  of  the  single  crystal  ingot  and  «-raTed  along  t>  axis  M  the 
ingot.  Exasiples  of  the  distribution  of  crrstal  or ientat  ion*  determined  on 
several  locations  from  the  top  and  bottom  faces  of  the  ingot  using  lave 
diffraction  technique,  are  illustrated  in  Figures  *.  >  and  A  in  wh-;<-h  the 
<001>  directions  from  each  location  were  plotted  with  reference  *o  three 
orthogonal  axes  chosen  to  be  parallel  to  the  axis  of  the  ingot  and  the  dwndrit® 
arm  directions.  The  average  orientations  of  the  c901>  directions  are  indicated 
by  square  symbols  in  the  plots.  Figure  A  shows  that  the  <001  >  gr-ncth  d  i  l  <yr\ 
of  the  A1  240  crystal  is  several  degrees  avav  fro®  the  axis  of  the  ii?got  and 
that  there  is  relatively  little  scatter  in  crystal  orientations  at  various 
locations  in  the  crystal.  The  orientation  distribution  plot  for  *he  Ta  190 
single  crystal,  given  in  Figure  5,  shows  that  the  crrstal  growth  direc¬ 

tion  is  nearly  parallel  to  the  axis  of  the  ingot  but  there  is  reiativeiv  iaTB“ 
scatter  in  crystal  orientations  at  various  locations,  compared  with  Ai  2A0 
(Figure  4).  An  example  which  shows  both  a  large  deviation  of  the  'DO]} 


crystal  growth  direction  from  the  ingot  axis  and  reiativeiv  large  scatter  in 
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crystal  'Jf  I'jft*  l  »  111.  flg\»*<e  C  *-«  ’  "<e  5.I-.  .  .  I  »»'.».  •  !«c 

I'/CI tag*  if  LCAUCLjA)  j!  ’.rue  »L:ig-«  ills'.  ».  i^4«'.s  -  1^.2  '  ’--  -  i  we !  e 

uawd  for  nwttlM.fU.n4  »p«<  imwri.a  witti  »*:».  *u.<n  .1  • 

1  a  Isttf  15«U  Lit  r  Tue  fue*r  set  t  l 

ill  'tactMfU.Ag  e/til  TUe-a’  ?  t  wat-SMart'-  if  Ltwec-.e 

rh«  apwclflC  if  /sf  elUff  e^Kii  lef  •  ?  4  .*  e».  h  L*,g,.t  »t«o«-e 

wwftt  theft  oawd  fu  if  Leflf  '.he  iftj'jf  f  j  *  *•*.!  fc  Li-v  1--^  1!  sjiwt  LBer'i*  si  less  »Ve» 

aligned  along  <  00 1  » ,  -Oil.'.  *11-*  and  •  :  ^  5  •  T*-*  ;i,u»aiits  wit 

u.aed .  f  i  e  at  .  o  y  l  in4r  it  4 1  » 1  *4  »  »iSo***  l  l  nm  1  l  wiie '.  si  ««<«  *;i«  «.ei  i  1  ;  i  •  . 
liacharge  Hfatt  hi  ned  (  K  DH  1  a’  vt<  1  jv*  »f4-«s  .  a-iu-ated  !n*  M*  d  :•»;!»(  .111,  .! 
r  he  ingot  to  yield  ■ :  y  1 1  rule  t  a  >1  ’he  se.evfai  iiite!s!n#.s  gy>yt»4t  *».,  «  .  !  i  *« 
I'f/tfel  aectlon  after  the  al'ig  removal  L»  afciosei  -n  f  ■’>«  »}«en  .Meti 

aluga  were  ffian  tulisf  i  ift  IWm<  ’  f  we*  *<-i  f  jj  L  X  '-,i..(s  a*  ,*  ‘t  fit  ?  He  Lhin 
anti  the  t  4ft  r.  4  Lum  •  cjfit  a  vn  Iftg  fetntf  7  alloy*  ar--’  -ialg  !  c  ♦  lf»  *.  .»  <  a  i  t. :  fig 
alloya.  Su6*eque«t  l  •/ ,  *  he  al-aga  eafe  fiuf  ,ti'Hua,.i  y  1  *  »  *•<!  ‘O  af  !  ft* 
reapect  ive  40  lotion  t  e  eatoant  ■  empet  at  >»  ®  !  ■>  >  So*u«  a  at  .  X  *ft  a  T» .  1  a 
treatment  mmimizea  thee  eauMitf  if  ;stat  vng  yutisi'i  ie  t  ftm  tiisie.s  Tv*  st.i. 
.if  tenfat  Ion  of  teach  •  lug  wa.a  t  •»;  o*»  f  t  rmed  ii  «  »ar  ana  .  ■  •  i  t  {-  *  i  1  »  *<  m*<  h  ;  r.  1  ng 
of  tensile  a  pec  inert  a  Plata  ’  /pe  tenalle  syet  i  Heft  with.  J  j  get-.* i otfi*  |iveti  .  f. 
Figure  HI  were  than  *lr«  EOW  ff  «  thee  Ml?  a  lag  a 

1  ,  2  Evaluation  of  tenalle  Proper* :ea 

r#na  l  la  r eating  wa«  -  ortduc  t  ed  in  alt  a*  l  9  > .  *  C»C  ,  .  C->  >  *nl  ,14*1  u»iM| 

constant  crosahmad  apeed  which  rat  reap»*tde«J  to  an  in;  f  it,  attain  tala  c-f 
1x10  par  second.  tf  no  failure  .k  cur  red  aftat  alw^ut  l  attain  f  He  rtraa 
haati  apaatl  wai  lncraaaa<i  1 0  ’  iaa*  f  l ftartuta  Tan**  la  elmjai  1*  ««t 
maaaurad  from  rha  1  i  ap  lacamant  of  few  mart*  v»  fhe  «a««  ear  '■  •,  <-m  rf  th» 

apac  loan .  rha  t«n.alla  ylaUl  at  rang*  h  aaa  Heaesfed  a*  1  l*  nffaat  and  the 
ulflmata  tanslla  atrangth  la*armina«l  from  that  aetaimuB  l<>#4  ar»<J  the  jnjli*, 
apac  loan  cross -aact  lotwil  araa.  Work  tvar  lantng  r»*a  wa«  »e*evt»1  f  t  ote  1  Ha 
alopa  of  fha  tens  l  la  st  rass  -  st  r  a  in  cur-re  a?  a  plaat-.r  attain  of  in  which 
the  rates  of  hardening  appeared  *0  reach  ateadr  values  in  t»*ta  ioniJijrf»i)  at 
:<)  1  and  .’00K. 

2.1  Character  Irat  Ion  of  Hicrostmturen  and  >f'-n»ttion  Jlehavjor 

Tha  microstructure  of  each  of  the  allots  was  determined  using  standard 
opttcal  matal  lographic  techniques.  The  com$»ostt  ion  of  phases  present  in 
selected  alloys  were  studied  using  a  quantitative  electron  aicroprohe  tech¬ 
nique  with  elemental  standards  as  references. 

As  tensile  testing  was  conducted  in  air  surface  slip  tine  analysis  was 
not  possible  for  most  cases  due  to  the  oxidized  surfaces.  The  deformation 
behavior  was  analyzed  using  transmission  electron  microscopy  ( TDH  >  techniques. 
For  TEM  analysis.  3  mn  diameter  discs  were  taken  from  wafers  cut  with  a 
diamond  saw  parallel  to  the  primary  octahedral  slip  plane  and  both  octahedral 
and  cube  planes  for  specimens  tested  at  elevated  temperatures.  The  foils  were 
e  lectropo l ished  using  a  solution  of  6Z  perchloric  acid  in  equal  parts  of 
methanol,  ethanol  and  butanol  in  a  Fischione  twin  jet  electropolisher  operated 
at  30V,  7  mA/itm,  and  258K.  The  dislocation  characters  and  nature  of  stacking 
faults  was  studied  in  various  diffraction  contrast  conditons.  The  a/2<110> 


type  diilucitiuns  were  identified  using  *  b  -  j  criterion,  and  the  criterion 
outlined  by  tear  et  .  al  <  S.e  ference  18>  wnen  a,  3<-ll>  Uslocalions  will  be 
invisible  it  4  b  *  U ,  ill  l,  -  2/  3  or  *u/  3  ana  visible  if  g  b  *  *  1  /  3 ,  --*/3,  tl 
or  *2.  rhe  mt r mu ic/ eat r ms ic  «iature  or  slacking  faults  was  determined  by 
observing  changes  m  fringe  contrast  ai  the  top  and  bottom  of  the  foil  followed 
the  procedures  of  Howie  and  Hashiaoto  et .  al  l Reference  19). 


3 .  Q  Rm'irs 


The  preparation  of  the  targe  single  crystals  90  am  in  diameter  a.'iJ  180  on 
long  proved  to  be  a  major  challenge.  It  was  found  that  crystals  of  soae 
alloy*  could  be  grown  relatively  easily  while  others  required  several  runs, 
each  with  a  different  comb  mat  ion  of  temperature  and  growth  rate  parameters, 
before  high  quality  single  crystals  «-ould  be  produced.  ‘Unfortunately,  growth 
of  large  single  crystals  of  *1  150  and  5n  1 5 a  was  unsuccessful  despite  several 
trials  for  each  of  these  alloys.  Smaller  crystals  115  tm  diameter  bars)  of  Ai 
150  were  produced  which  necessarily  United  the  scope  of  evaluation  for  this 
particular  alloy  Shi  Sn  1 )4  single  crystals  were  obtained  ovj«i  the  wide 
range  of  growth  conditions  The  analysed  c .  mp  os  it  i  ons  of  the  single  crystal 
ingot*  are  given  in  table  1  and  show  only  einor  deviations  Ito*  the  ale 


l.l  Microstructure 

the  eic  rost  rue  t  uf  e*  of  all  the  binary  alloy  single  crystals  in  ' 
a.* -cast  condition  consist  of  HiAl  and  *l^Al  phase*  ’figure  *'  Th*  amount  cf 
the  NlAl  phase  increase*  with  increasing  A1  content  and  shout  .0  rc  1  use 
percent  was  observed  in  Al  1*0  in  which  the  *IA1  phase  f creed  a*  dendrite* 
the  ale  roet  rue  tores  d  the  Al  15<3  and  Al  1*1  regained  eaaentis.lv  unchanged 
while  Al  140  was  almost  c-.os«p lata Iy  Nomugan  1  red  after  the  heat  itwatewM  at 
l  4  7  7K  for  100  hour*  the  ohase  imp  ,i  s  1 1  ‘  on  s  of  alloors  Al  1 3*0  and  Al  l‘ti  wet* 
determined  using  electron  etc r«opr obe  t *< bni quea  and  the  result*  *»•  givwn  ir, 
Table  5  which  show  that  the  *1  Al  is  slightly  htpost  o }  c  M  <eet  f  *,  t  end  hvf«*t 
stoichiometric  m  alloys  Al  15a  end  A'.  1*1.  respect  iveiv 

The  mtc cost  rue  turns  if  "he  t in • *  on* e tn i«g  *1^a;  allot*  appear  ratter 
similar.  The  differences  are  primer  l  It  in  the  amount  and  41  *t  r  %  but  j  or,  rf  the 
phases.  Therefore,  mtc rost ructure  and  electron  »t«- r  opr  she  results  are  pre¬ 
sented  for  Sn  114  only,  other  allova  sheered  similar  result  s  figure  ;  Ci  show* 
scanning  electron  micrographs  of  the  microstructure  of  tn  11*  aing.e  rtnt*j 
In  the  as-cast  condition.  The  presence  ->f  three  differwnt  phsee*.  ,  *h*,,s.d  A. 
8  and  C  In  figure  l lib.  Is  apparent  Heat  treating  the  ailo-r  for  >C;  hoyt*  at 
1 3  39K  produced  no  important  changes  in  the  mic restructure  'figure  .1  >  although 
the  phase  boundaries  became  more  distinct.  As  shnsen  in  Table  *.  »nme  <•  Hange* 
in  phase  composition  took  place  during  heat  treatment.  Table  4  alec  shows 
that  Phase  A.  the  major  constituent,  is  the  temarv  li.  phase  Hi^Al.  phase  A 
is  probably  a  00 . .  phase  Hi^AL  substituting  at  the  Sn  sublattic*  and  Pha**  C 
Is  probably  a  88  type  compound  Hi^Sn,.  again  with  some  substitution  of  Al  <-m 
the  Sn  sublattice.  As  will  be  shown* later.  these  secondary  int  ermet  a  1 1  i  c 
phases  are  rather  brittle  and  resulted  in  premature  failures  of  all  the 
Sn-modlfled  single  crystal  specimens. 

The  microstructures  of  the  tantalimrcontaining  Mi^Ai  al levs  consist  r‘ 
Ni^Al  and  NIAL  phases.  As  expected,  the  amount  of  the  MiAi  phase  increase* 
w.th  the  aluminum  content  and  reaches  about  8  vol\*e  percent  in  allow  Ta  11* 
which  contains  the  highest  Al  content.  Both  the  microstructure  and  phase 
composition  in  the  tanta ium-containing  alloys  were  found  to  be  rather  stable; 
only  minor  changes  resulted  from  a  heat  treatment  for  100  hours  at  lAlTf 
(Figure  12).  The  composit ions  of  the  phases  in  alloy  Ta  225  are  shown  in 
Table  5  which  shows  i  much  Larger  solubility  for  Ta  in  fii^Al,  than  in  the  Ni  Al 
phase.  Further,  if  one  assumes  that  all  the  Ta  atoms  occupy  only  the  Al 
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sublattice  sites,  then  the  Ll^  phase  in  Ta  225  is  hyperstoichiometr ic  as 
intended. 

3.2  Strength  of  Ni^Al  Alloys 

3.2.1  Yield  Behavior 

A  comparative  study  of  yield  strengths  in  the  binary  and  ternary 
alloys  is  considered  crucial  to  a  basic  understanding  of  the  ductility  of  this 
class  of  materials.  Tensile  testing  was  conducted  in  the  four  major  orienta¬ 
tions  <001>,<011>,<H1>  and _£123>  between  room  temperature  and  1144K  at  a 
nominal  strain  rate  of  3x10  per  second.  To  provide  a  further  characteriza¬ 
tion  of  plastic  anisotropy  compression  tests  were  also  conducted  in  the  <001> 
and  <0 1 1 >  orientations  at  approximately  the  same  strain  rate  condition  for  two 
of f -stolchiometr ic  variants  of  both  the  binary  and  tantalus-modif ied  alloys. 
These  orientations  were  chosen  since  they  are  known  to  show  a  maximum  flip-flop 
in  tensile  and  compressive  yield  strengths  (Reference  9). 

It  was  noted  that  the  ductility  of  the  tin-modified  alloys  An  204  and  Sn 
214  was  consistently  low,  generaqlly  below  5Z  regardless  of  the  orientation  of 
the  stress  axis  and  that  the  tensile  yield  strengths  were  found  to  be  consid¬ 
erably  lower  than  those  obtained  in  compression.  Sectioning  of  tensile  tested 
specimens  revealed  extensive  cracking  of  the  secondary  phases,  as  shown  in 
Figure  13.  which  no  doubt  resulted  in  the  low  apparent  tensile  yield  strengths 
and  premature  tensile  failures  observed.  Therefore,  the  tensile  data  obtained 
for  the  t in-containing  alloys  will  not  be  discussed  any  further.  The  tensile 
yteld  strength  and  the  ulttmate  tensile  strength  are  plotted  against  tempera¬ 
ture  for  all  the  four  major  orientations  for  the  alloys  A1  2*0,  A1  2S0  and  A1 
2^0  in  Ftgure  14  and  for  alloys  Ta  195,  Ta  205  and  Ta  225  in  Figure  15.  The 
results  are  also  listed  in  Tables  '  to  12  for  each  alloy  in  with  angular 
coordinates  describing  actual  axial  orientation  for  each  specimen.  It  can  be 
vertfted  that  in  almost  all  cases  the  actual  orientation  is  within  30*  of  the 
designated  major  orientation.  Thus  for  most  of  the  qualitative  discussion  the 
designated  orientation  is  sufficiently  accurate.  However,  for  quantitative 
evaluation  of  resolved  shear  stresses  the  actual  calculated  values  were  used 
as  listed  in  the  tables. 

Note  that  in  all  six  alloys  there  is  evidence  of  an  increase  in  yield 
strength  with  temperature  at  least  for  the  <00i>  orientation.  For  the  nickel- 
rich  binary  alloy  (AI  240)  the  anomalous  behavior  is  strongly  displaved  bv  all 
orientations  and  the  yield  strengths  reach  a  maximum  at  about  190QI.  With 
increasing  aluminum  content,  the  yield  strength  peak  temperature  shifts  to 
700K.  Nonetheless,  the  absolute  level  of  strength  and  the  nature  of  the 
orientation  dependence  of  the  yield  strength  are  not  altered  significantly. 

In  contrast,  for  the  ternary  alloys  with  increasing  aluminum  content,  the  peak 
temperature  is  lowered  to  a  Lesser  extent  hut  the  absolute  level  of  strength 
and  the  orientation  dependence  of  strength  are  strongiv  affected.  Note  for 
example  that  for  the  nickel-rich  Ta  195  the  <lii>  orientation  is  stronger  than 
<00l>  orientation  below  800K  but  for  the  stoichiometric  ailov  Ta  205  c001> 
orientation  is  significantly  stronger  than  <1I1>  orientation  at  all  fempera- 
tures  above  room  temperature.  In  other  words  while  the  strength  cross-over 
between  <001>  and  < 1 1 1 >  orientations  occur  at  around  800K  in  the  case  of  Ta 
195,  for  Ta  205  and  Ta  225  it  occurs  near  room  temperature.  The  temperature 
dependence  of  ultimate  tensile  strength  parallels  the  observations  for  vield 
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strength,  albeit  at  a  higher  strength  level  showing  lesser  anomalous  rise  in 
strength. 


To  understand  the  yield  strength  observations  in  a  fundamental  sense,  it 
is  essential  to  analyze  the  results  in  terms  of  resolved  shear  stresses  on  the 
operating  slip  systems  for  the  materials.  This  is  a  trivial  exercise  for 
materials  deforming  by  one  family  of  slip  systems  with  Schmid's  law  being 
strictly  obeyed.  Such  would  be  a  case  for  disordered  solid  solution  alloys 
with  face  centered  cubic  (fee)  structure  where  deformation  can  be  assumed  to 
occur  on  octahedral  slip  systems  with  little  deviation  from  Schmid's  law. 
Conformance  to  Schmid's  law  allows  determination  of  a  unique  value  of  critical 
resolved  shear  stress  (CRSS)  for  the  operating  slip  system,  independent  of  the 
orientation  of  the  stress  axis.  However,  for  the  class  of  Ll^  ordered 
compounds  under  consideration  two  factors  complicate  such  an  analysis.  First, 
even  without  considering  other  complicating  factors  (see  later  discussion)  the 
deformation  behavior  must  be  described  in  terms  of  two  possible  slip  systems. 
These  are  {111}<110>  octahedral  type  slip  systems  and  {100}<110>  cube  type 
slip  systems.  Secondly,  it  is  well  established  that  Schmid's  law  is  not 
strictly  obeyed.  That  is  the  CRSS  is  not  an  invariant  with  orientation  of  the 
stress  axis.  The  CRSS  for  octahedral  slip  is  perturbed  by  the  dislocation 
core  transformation  due  to  the  constricting  shear  component  of  the  stress 
tenser  in  <112>  directions  (Reference  16).  This  deviation  is  best  assessed  by 
the  tension/compression  asymmetry  as  presented  later  in  this  section.  Never¬ 
theless  for  the  purpose  of  comprehending  the  preceding  complex  observations  of 
yield  strength  behavior,  it  is  useful  to  phenomenologically  assume  that  the 
two  slip  systems  operate  independently  without  mutual  perturbation  and  that 
the  Schmid's  law  is  approximately  valid. 


With  those  simplifying  assumption  the  temperature  dependence  of  the  CRSS 
for  octahedral  slip  can  be  easily  deduced  using  the  actual  resolved  shear 
stress  (RSS)  values  for  the  <001>  orientation.  These  values  are  calculated 
for  each  alloy  and  listed  in  Tables  7  to  12.  The  choice  of  <001>  orientation 
is  appropriate  since  the  resolved  shear  stress  for  cube  slip  in  the  vicinity 
<001>  is  insignificant.  The  determination  of  CRSS  for  cube  slip,  however, 
needs  some  extrapolation.  At  temperatures  where  the  yield  strength  of  < 1 1 1 > 
orientation  is  comparable  or  lower  than  the  yield  strength  of  the  <001> 
orientation,  the  CRSS  for  cube  slip  can  be  calculated  using  the  yield  strength 
values  for  the  <11 1>  orientation.  This  is  valid  since  it  can  be  shown  that  if 
octahedral  slip  were  the  only  operative  slip  system,  then  based  on  the  ratio 
of  Schmid  factors  the  yield  strength  of  < 1 1 1>  orientation  should  be  exactly 
1.5  times  the  yield  strength  of  <001>  orientation.  Thus  for  comparable  yield 
strength  values  for  the  <001>  and  < 1 1 1 >  orientations,  independent  operation  of 
cube  slip  can  be  safely  assumed.  At  temperatures  where  the  yield  strength  of 
< 1 1 1 >  orientation  is  higher  than  that  of  <001>  orientation,  it  is  not  possible 
to  determine  the  CRSS  of  cube  slip  without  possibly  studying  pure  shear 
deformation.  In  this  case  the  CRSS  for  cube  slip  is  assumed  to  increase  with 
decreasing  temperature  and  the  low  temperature  values  determined  by  extrapo¬ 
lation.  In  this  manner  CRSS  as  a  function  of  temperature  for  both  cube  and 
octahedral  slip  has  been  deduced  for  four  alloys  as  presented  in  Figure  16. 

The  extent  of  error  shown  by  shaded  band  for  the  CRSS  plot  of  octahedral  slip 
is  derived  from  a  tension  compression  asymmetry  experiments  as  discussed 
later. 
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A  comparison  of  these  plots  of  CSSS  versus  temperature  in  Figure  it 
clearly  shows  the  trend  in  the  interrelation  between  the  CJLSS  of  the  two  slip 
systems  for  the  four  alloys  representing  the  extremes  in  the  binary  and 
ternary  alloys.  For  the  nickel  rich  binary  alloy  Al  2*0  the  cross-over 
between  the  CRSS  of  cube  and  octahedral  slip  occurs  at  the  highest  temperature 
of  around  925K  among  the  alloys  evaluated.  With  increasing  aluminum  content 
for  the  alloy  Al  270  the  cross-over  temperature  is  decreased  though  not 
sharply  defined.  For  the  ternary  nickel  rich  alloy  Ta  195  the  cube  slip 
becomes  a  competing  slip  mode  at  even  lower  temperature.  Finally  the  aluminum 
rich  ternary  alloy  the  two  slip  systems  become  equal  in  strength  at  as  low  as 
600K.  These  observations  are  consistent  with  our  observations  of  dislocation 
structure  in  these  alloys.  No  clear  evidence  of  cube  slip  has  been  obtained 
for  the  binary  nickel-rich  alloy  Al  240  where  cube  slip  is  expected  to  be 
activated  at  higher  temperature  only.  In  contrast  for  ternary  alloys  evidence 
or  cube  slip  is  readily  obtained  consistent  with  the  low  CRSS  for  cube  slip  at 
lower  temperature.  It  is  also  interesting  to  note  that  while  the  CRSS  for 
octahedral  slip  is  significantly  enhanced  at  lower  temperatures  with  ternary 
additions,  the  CRSS  for  cube  slip  is  not  altered  to  a  great  extent.  The 
implication  of  these  findings  on  ductility  will  be  discussed  in  Section  4.0. 

3.2.2  Tens ion/ Compress ion  Asymmetry  of  Yield  Strength 

In  the  preceding  section  it  was  noted  that  the  assumption  of  strict 
validity  of  Schmid's  law  is  not  correct.  To  assess  the  deviation  from  Schmid's 
law,  which  is  attributed  to  dislocation  core  constriction  effect,  cosipression 
tests  were  carried  out  at  room  temperature  and  700K  for  the  alloys  Al  240,  Al 
270,  Ta  195  and  Ta  225  in  both  <001>  and  <0ll>  orientations.  The  results  are 
presented  in  Table  13.  The  room  temperature  data  for  all  four  alloys  are  also 
compared  using  in  Figure  17.  The  data  for  700K  are  similar  in  nature  except 
for  the  Al  240  alloy.  If  Schmid's  law  were  strictly  valid  one  would  expect 
both  <001>  and  <011>  orientations  to  have  equal  yield  strength  both  in  tension 
and  compression  since  the  Schmid  factors  in  both  orientations  are  identical 
for  octahedral  slip  system.  Clearly  such  is  not  the  case  for  the  ternary 
alloys  is  apparent  from  Figure  17.  The  deviation  is  of  the  order  of  100  and 
200  MPa  for  the  Ta  195  and  Ta  225  alloys  respectively.  This  is  consistent 
with  the  observed  tension/ compress ion  asymmetry  for  tantalum  and  niobium 
modified  ternary  alloys  as  published  in  the  literature  (References  9  and  16), 
in  both  cases  here  the  <Q01>  orientation  is  observed  to  be  stronger  than  <01 1> 
orientation  in  tension  and  vise  versa  in  compression.  This  behavior  is  quite 
well  explained  in  terms  of  a  constriction  stress  parameter  which  either  leads 
to  constriction  or  extension  of  superdislocation  core  structure  thereby  aiding 
or  abating  the  cube-cross  slip  process  and  effectively  enhancing  or  reducing 
the  CRSS  for  octahedral  slip  respectively.  The  critical  aspect  of  the  mecha¬ 
nism  is  that  the  behavior  is  reversed  in  going  from  tension  to  compression  for 
the  same  orientation.  Qualitatively  a  greater  magnitude  of  asymmetry  repre¬ 
sents  a  wider  spread  of  core  structure.  For  dislocations  with  a  truly  singular 
core  structure,  it  is  difficult  to  envision  effect  of  any  other  component  of 
stress  tensor,  other  than  the  resolved  shear  stress  on  the  glide  plane, 
playing  significant  role  in  determining  the  motion  of  dislocation.  Dependence 
of  deformation  behavior  on  more  than  one  shear  component  of  the  stress  tensor 
is  essentially  observed  as  deviation  from  Schmid's  law. 


For  the  binary  alloys,  owing  to  the  lower  absolute  magnitude  of  the 
stress  it  is  difficult  to  convincingly  conclude  any  significant  deviation  from 
Schmid's  law.  Considering  a  variation  in  crystallographic  orientation  and  the 
fact  that  the  tension  and  compression  tests  were  not  carried  out  on  the  same 
specimens,  the  deviation  in  strength  does  not  seem  statistically  meaningful. 
Nevertheless  to  be  consistent  we  have  attempted  to  estimate  the  extent  of 
error  involved  in  deducing  the  CRSS  for  octahedral  slip  system  as  plotted  in 
Figure  16  for  all  alloys.  This  is  calculated  as  a  difference  between  the 
maximum  and  the  minimum  values  of  the  yield  strengths  for  the  <001>  and  <0L1> 
orientations  at  room  temperature  for  all  alloys.  A  shaded  band  equivalent  to 
this  difference  is  shown  in  Figure  16  for  the  CRSS  curves  for  octahedral  slip 
and  is  allowed  to  shrink  with  increasing  temperature  to  reflect  the  fact  that 
one  expects  the  effect  to  vanish  at  higher  temperatures.  Even  with  this  crude 
quantitative  estimate,  it  is  clear  that  the  deviation  from  Schmid's  law 
increases  with  increasing  aluminum  content  and  ternary  addition.  Thus  the 
decrease  in  the  cross-over  temperature  of  the  CRSS  of  cube  and  octahedral  slip 
systems  parallels  an  increase  in  tension  compression  asymmetry  or  deviation 
from  Schmid's  law  in  going  from  a  nickel  rich  binary  alloy  A1  240  to  aluminum 
rich  ternary  alloy  Ta  225.  Without  further  theoretical  development  it  is 
difficult  to  understand  the  factors  affecting  the  dislocation  core  structure 
and  the  relative  values  of  CRSS  for  the  two  slip  systems. 

Note  that  in  all  six  alloys  there  is  evidence  of  anomalous  increase  in 
yield  strength  with  temperature  at  xaast  for  the  <001>  orientation.  For  the 
nickel-rich  binary  alloy  (A1  240)  the  anomalous  behavior  is  strongly  displayed 
by  all  orientations  and  the  yield  strengths  reach  a  maximum  at  about  1000K. 
With  increasing  aluminum  content,  the  yield  strength  peak  temperature  shifts 
to  700K. 

3.3  Strain  Hardening 

Generally,  for  a  given  test  condition  the  rate  of  strain  hardening  in 
an  alloy  changes  depending  on  the  level  of  strain/dislocation  structure.  For 
single  crystals,  stages  of  strain  hardening  have  been  observed  which  were 
shown  to  be  associated  with  different  dislocation  mobilities  (Reference  20). 
Figures  18  and  19  show  examples  of  the  tensile  stress  and  strain  behavior  for 
some  of  the  alloys  studied  -  A1  240  and  Ta  195  at  293K,  700K,  1033K  and  1144K. 
The  strain  hardening  behavior  is  seen  to  be  dependent  on  the  orientation  of 
the  stress  axis,  temperature,  alloy  composition  and  strain  level.  For  a  given 
alloy  and  specific  stress  axis  orientation,  the  work  hardening  rate  is  rela¬ 
tively  constant  with  strain  at  the  two  lower  temperatures.  However,  at  higher 
temperatures,  softening,  following  initial  strain  hardening,  can  be  observed 
in  both  alloys.  This  phenomenon  is  more  pronounced  in  the  binary  alloys, 
indicating  operation  of  thermally  activated  recovery  mechanisms.  We  shall 
restrict  our  ductility  study  primarily  to  lower  temperatures  where  recovery  is 
not  an  important  complicating  factor.  Strain  hardening  measurements  were 
made,  whenever  possible,  at  about  5%  strain  when  the  rate  of  hardening  ap¬ 
proaches  a  steady  state  value  for  most  alloys.  However,  as  will  be  shown  in 
Section  3.4  a  number  of  specimens  failed  at  less  than  5Z  strain  and  therefore, 
observations  of  their  strain  hardening  behavior  as  a  function  of  stoichiometry 
and  alloying  addition  are  rather  limited.  Figures  20  and  21  show  the  strain 
hardening  data  for  the  binary  alloys  and  the  tantalum-modified  ternary  alloys 
at  293K  and  700K.  Several  interesting  trends  can  be  observed  from  these 
figures.  In  the  binary  alloys,  the  work  hardening  increases  with  increasing 


temperature  and  aluminum  content.  For  a  given  temperature  and  stoichiometry 
the  working  hardening  also  changes  with  the  orientation  of  the  stress  axis, 
and  in  the  binary  alloys  work  hardening  increases  in  the  following  order: 

<110>,  <123>,  <001>  and  <111>.  In  this  case  a  clear  correlation  of  strain 
hardening  and  ductility  can  be  made,  ductility  is  inversely  related  to  strain 
hardening.  Ductility  results  will  be  presented  in  Section  3.4. 

The  strain  hardening  behavior  of  the  tantalum-modified  alloys  differs 
from  that  of  the  binary  alloys  in  several  important  ways.  For  a  given  orien¬ 
tation  and  at  room  temperature  the  magnitude  of  strain  hardening  is  generally 
higher  in  the  ternary  alloys  than  the  binary  alloys  of  corresponding  stoichio¬ 
metry.  As  will  be  shown  in  Section  4.3,  differences  in  work  hardening  between 
the  binary  and  ternary  alloys  are  basically  related  to  the  type  of  dislocations 
present.  At  700K,  the  strain  hardening  in  the  ternary  alloys  is  reduced 
rather  than  increased  as  in  the  binary  alloy.  As  will  be  shown  in  Section 
3.5,  the  drop  in  strain  hardening  in  the  ternary  alloy  at  higher  temperature 
is  related  to  the  activation  of  the  { 001 } < 1 10>  slip  mode.  An  inverse  relation 
between  strain  hardening  and  ductility  can  also  be  observed  in  the  ternary 
alloys. 

3.4  Tensile  Ductility 

The  general  effects  of  alloy  composition  and  test  temperature  on  the 
tensile  ductility  of  boron-doped  polycrystalline  nickel  base  Ll^  alloys  are 
now  well  known.  In  particular,  ductility  decreases  with  increasing  aluminum 
content  and/or  additions  of  strengthening  solutes  and  with  increasing  tempera¬ 
ture.  The  drop  in  ductility  at  low  temperatures  is  usually  attributed  to  a 
compositional  effect  on  the  grain  boundary  segregation  behavior  of  boron 
(Reference  21).  The  decrease  in  ductility  with  increasing  temperature  has 
been  attributed  to  environmental  effects  (Reference  22)  and  deformation  on 
{001}<110>  slip  systems  (Reference  23).  One  of  the  objectives  of  this  program 
are  to  determine  the  relative  importance  of  these  ductility  limiting  factors 
and  provide  insights  into  the  intrinsic  ductility  behavior  of  the  nickel-base 
LI2  alloys. 

Tensile  ductility  of  single  crystals  of  binary  alloys  with  aluminum 
levels  of  23.5,  25.0  and  26.5  atom  percent  (alloys  Al-240,  Al-250  and  Al-270) 
and  their  tantalum-modified  counterparts  Ta-195,  Ta-205  and  Ta-225  are  shown 
as  a  function  of  stress  axis  orientation  and  temperature  in  Figure  22.  First 
examining  the  ductility  behavior  of  A1  240,  one  sees  that  the  ductility  in 
this  alloy  is  strongly  influenced  by  the  orientation  of  the  stress  axis. 

Below  the  yield  stress  peak  temperature,  at  about  1033K,  the  ductility  de¬ 
creases  in  the  order  <011>,  <123>,  <001>  and  <111>  and  for  a  given  stress  axis 
orientation,  the  ductility  decreases  with  increasing  temperature.  Both  of 
these  ductility  trends  can  be  correlated  with  the  work  hardening  behavior 
described  previously  in  Section  3.3.  Higher  ductility  is  associated 
with  lower  work  hardening.  The  relationship  between  stress  orientation, 
ductility  and  work  hardening  is  treated  analytically  in  Section  4.0 

Several  interesting  alloy  compositional  effects  are  obvious  from  Figure 
1.  Generally  the  ductility  decreases  with  increasing  aluminum  content  at 
temperatures  below  the  yield  strength  peak.  The  hypostoichiometric  alloys  A1 
240  and  Ta  195  are  considerably  more  ductile  than  the  hyperstoichiometric 
alloys  A1  270  and  Ta  225  respectively.  The  stoichiometric  effect  on  ductility 


is  especially  pronounced  in  the  case  or  the  taflt*iuaah>ai!  i*a  •  -.«.'>*  Tra* 

observation  indicates  clearly  that  the  poor  Jytti.itv  j i\»*> f  «-eJ  ,t.  *  tm  wn* 
doped  hyperstoichiometric  alloys  in  polycrystai, iae  I  j»a  is  i 

to  the  intrinsically  poor  ductility  in  such  alloy*  ratter  t&ea  •  «.  oa$»o*n  ion*- 
effect  on  boron  segregation  to  grain  boundaries,  a*  will  be  sAowea  tte  teiui 
tion  of  ductility  with  increasing  aluminum  content  is  *cc<esp«niea  l>y  <.  tenge* 
in  dislocation  structure  and  fracture  behavior 

Addition  of  a  strengthening  solute  such  as  tante.u*  e*r «**  tte  iMumi. 
ductility  in  two  important  ways  relative  to  the  binary  alloy*  !h«  t  j  - .  : 
levels  of  the  ternary  alloys  are  lower,  except  at  temperature*  ».ightiy  te.o* 
the  yield  strength  peek.  At  such  teaperature*  the  tensile  ductility  o t  t  te 
ternary  alloy  is  enhanced,  rather  than  reduced  as  m  t case  of  the  iinsiy 
alloys.  The  ductility  enhancement  in  the  ternary  alloy*  i*  mo»t  pr  onouni  ea  in 
the  < 1 1 1 >  and  <123>  crystals.  As  will  be  shown  later,  the  ductility  improve 
ments  in  these  crystals  resulted  froa  slip  on  (001)<110>  »y«tem*  which  bet  caw 
more  favorable  than  the  { 1 1 1 ><  1 10>  systeae  at  teaperature*  near  the  yield 
strength  peak.  Although  the  operation  of  the  (00l)<110>  *y*t«a»  can  lead  to 
high  ductility  in  a  solute  strengthened  alloy  m  single  crystal  fora,  if  tend* 
to  reduce  the  ductility  of  the  alloy  in  polycrystalline  fora  due  to  attain 
incompatibility  at  grain  boundaries.  Thus  one  would  aspect  the  ductility  of 
polycrystalline  Ta  195  to  be  lower  then  A1  2*0  et  rooa  teaperature  end  the 
difference  would  be  larger  at  taaperatures  slightly  below  the  yield  strength 
peak.  This  has  indeed  been  observed  (Reference  2*). 

3.5  Dislocation  Characteristics  and  Deformation  Behavior 

3.5.1  Binary  Ni^Al  Alloys 

We  shall  start  with  the  stoichioaatr ic  N1.A1  alloy,  a  baseline  for 
observations  on  of f-stoichioaetric  effects.  Recently,  Baker  and  Schulson 
studied  in  detail  the  dislocations  and  stacking  faults  in  the  stoichioaetr Jc 
alloy  as  a  function  of  deformation  teaperature  in  the  range  7?  to  1032K 
(References  25  and  26).  Partly  out  of  necessity  because  of  our  unsuccessful 
attempts  to  grow  large  single  crystals  of  this  alloy,  we  shall  use  prlaarl  iy 
Baker  and  Schulson' s  results  as  a  reference.  Baker  and  Schulson  observed  two 
types  of  dislocations  in  the  stoichioaetric  NI..A1  alloy:  anti -phase  boundary 
(APB)  coupled  screw  dislocations  with  a  Burgers  vector  of  a/2<110>  and  super - 
lattice  intrinsic  stacking  fault  (SIS?)  -  coupled  dislocations  with  a  Burgers 
vector  of  a/3<211>.  At  low  temperature  (77  to  673K)  both  types  of  dislocations 
were  found  to  be  present  and  at  high  temperatures  (873  to  102310  most  disloca¬ 
tions  were  observed  to  be  the  APB  pairs.  In  addition,  a  transition  from 
octahedral  (111)  slip  to  cube  {001}  slip  was  found  to  occur  near  the  yield 
strength  peak  temperature.  Figure  23  shows  the  appearance  of  dislocations  in 
A1  250  produced  by  straining  along  <111>  at  1144K.  At  least  two  sets  of 
dislocations  can  be  observed.  Diffraction  contrast  analysis  indicated  that 
the  dislocations  were  APB-coupled  screws  with  a/2[101)  and  a/2[ 101 ]  Burgers 
vectors  and  lie  on  cube  (010)  planes.  These  observations  are  entirely  consis¬ 
tent  with  Baker  and  Schulson' s  results. 

Tensile  straining  of  the  hypostoichiometric  A1  240  at  293K  resulted  in 
both  stacking  faults  and  dislocations  which  both  lie  on  {111}  planes  (Figure 
24).  The  stacking  faults  were  determined  to  be  of  the  SISF  type.  However, 
the  exact  character  of  the  dislocations  has  not  yet  been  determined.  Electron 


diffraction  contrast  results  indicated  that  these  dislocations  were  definitely 
not  the  APB-coupled  screws.  The  presence  of  SISF  suggests  perhaps  SISF- 
coupled  dislocations  as  observed  by  Baker  and  Schulson  in  the  stoichiometric 
alloy.  However,  diffraction  contrast  experiments  were  unable  to  confirm  the 
a/3<112>  type  dislocations  as  the  bounding  partials.  Perhaps  a  more  complex 
dislocation  dissociation  scheme  is  operative  in  A1  240  which  involves  the 
formation  of  APB  and  complex  stacking  fault  (CSF)  and  a/6<112>  partial  dislo¬ 
cations  as  described  by  equation  (1)  (Section  1.0)  which  was  proposed  by 
Marcinkowski  et  al.  (Reference  11).  On  the  other  hand,  a  different  type  of 
dislocation  was  produced  in  A1240  by  straining  at  1033K  (Figure  25).  In  this 
casa  the  dislocations  were  unambiguously  identified  as  the  APB-coupled  screws 
having  an  a/2<110>  Burgers  vector,  similar  to  those  observed  in  the  stoichio¬ 
metric  alloy.  However,  unlike  the  stoichiometric  alloy,  cube  slip  was  not 
observed  in  Al  240  up  to  the  highest  test  temperature  (1144K)  even  for  the 
most  favorable  stress  condition  (straining  along  <111>).  Thus,  reducing  the 
aluminum  content  promotes  SISF  type  dislocations  at  low  temperatures  and 
suppresses  cube  slip  at  high  temperatures. 

Turning  now  to  the  hyperstoichiometric  Al  270,  the  dislocations  observed 
here  are  APB-coupled  screws  with  a/2<110>  Burgers  vectors.  The  type  of  dislo¬ 
cations  remain  unchanged  for  deformation  in  the  temperature  range  studied  of 
293  to  1144K.  Further,  no  SISF  were  found  in  this  alloy.  Although  the 
dislocations  produced  by  high  temperature  deformation  are  similar  for  all  the 
binary  alloys,  important  differences  in  the  spacing  of  the  super lattice 
partials  bounding  the  APB  can  be  observed  as  shown  in  Figure  26.  The  spacing 
of  the  partials  which  were  imaged  using  a  weak  beam  dark  field  technique  were 
measured  to  be  5  nm  and  3.5  nm  and  the  calculated  APB  energies  are  163  and  233 
mJ/m  for  Al  240  and  Al  270,  respectively,  indicating  an  increase  in  APB 
energy  with  increasing  aluminum  content.  As  in  the  stoichiometric  alloy,  cube 
slip  was  also  observed  in  Al  270  after  high  temperature  deformation.  Figure 
27  shows  the  dislocation  activity  on  (001)  plane  resulting  from  about  4% 
tensile  strain  along  <123>  at  1033K.  Thus  increasing  the  aluminum  content 
suppresses  the  formation  of  SISF  and  increases  the  APB  energy. 

3.5.2  Tantalum-Modified  Ternary  Ni^Al  Alloys 

Relative  to  the  binary  alloys,  three  important  differences  were 
observed.  Throughout  the  entire  temperature  range  studied  of  293  to  1144K, 
the  dislocations  in  Ta  195,  Ta  205  and  Ta  225  were  found  to  be  similar  and  are 
the  APB-coupled  screws  with  a/2<110>  Burgers  vectors.  No  stacking  faults  were 
observed  in  specimens  deformed  at  293K  even  for  Tal95  which  has  the  lowest 
aluminum  content  (Figure  27).  Secondly,  the  spacing  of  the  dislocation  pairs 
in  the  ternary  alloys  must  be  considerably  less  than  the  smallest  spacing  of 
3.5  nm  determined  in  the  binary  alloy  Al  270,  as  it  was  not  possible  to 
resolve  the  dislocation  pairs  even  in  Ta  195  which  is  expected  to  have  the 
largest  spacing  in  this  alloy  series.  Thirdly,  cube  slip  occurs  more  readily 
in  the  Ta-  modified  alloys  than  in  the  stoichiometrically  equivalent  binary 
alloys.  Figure  28  shows  profusion  of  slip  on  (100)  planes  in  Ta  195  due  to 
straining  at  1033K;  no  cube  slip  in  A1240  was  observed  even  at  1144K.  Fur¬ 
ther,  evidence  for  cube  slip  at  even  lower  temperatures  in  this  alloy  can  be 
observed  in  the  ductility  versus  temperature  curve  shown  in  Figure  22.  The 
rapid  rise  in  ductility  with  increasing  temperature  starting  at  600K  in  the 
specimens  strained  along  < 1 1 1 >  and  <123>  axes  is  a  strong  indication  of  cube 
slip  activity. 
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In  summary,  the  effects  of  tantalum  additions  on  the  dislocai  iv>n  and 
deformation  behavior  in  Ni-Al  appear  to  be  similar  to  increasing  the  aluminum 
content  in  binary  Ni-Al.  Either  alloying  change  suppresses  the  formation  of 
SISF,  increases  APB  energy  and  promotes  cube  slip.  On  a  per  atom  basis,  the 
tantalum  effects  are  more  potent. 

3.6  Fracture  Behavior 

In  the  final  analysis,  it  is  the  fracture  which  limits  the  ductility 
of  an  alloy.  Thus,  basic  understanding  of  the  fracture  mechanisms  and  fracture 
criteria  of  single  crystals  would  provide  additional  insights  into  the  in* 
trinsic  ductility  behavior.  In  the  present  program,  fracture  in  the  binary 
Ni_Al  and  tantalum-modified  single  crystals  were  studied  as  a  function  of 
alloy  stoichiometry,  stress  axis  and  temperature.  Fracture  surfaces  were 
characterized  in  terms  of  the  general  appearance  and  orientations  of  the  shear 
facets  which  were  determined  primarily  from  geometric  measurements.  Limited 
x-ray  diffraction  measurements  were  also  used  to  confirm  results  derived  from 
geometrical  measurements.  In  fractures  which  consist  of  small  facets  the 
indexing  of  the  facets  was  experimentally  more  difficult  and  results  are  less 
certain.  The  appearances  of  fracture  in  the  binary  alloys  Al  240  and  A1  2'0 
at  293  and  700K  are  shown  in  Figures  29  and  30,  respectively  and  the  orienta¬ 
tions  of  the  shear  facets  summarized  in  Table  6.  It  can  be  seen  from  these 
results  that  the  fracture  behavior  in  Ni-Al  alloys  is  quite  complex.  It 
varies  significantly  with  alloy  composition,  temperature  and  stress  axis.  For 
a  given  temperature  and  alloy  composition,  for  example  Al  240  at  293K,  fracture 
on  {100},  {110}  and  {111}  was  observed  depending  on  the  specific  orientation 
of  the  stress  axis.  The  observations  in  binary  alloys  are  in  contrast  to 
those  by  Aoki  and  Izumi  on  Ni^(Al,  Ti)  and  Ni^Ge  in  which  they  observed  that 
fractures  in  these  two  compounds  occurred  by  cleavage  on  {001}  facets  only 
(References  13  and  14).  Further,  Aoki  and  Izumi  shoved  that  the  fractures  in 
Ni^  (Al,  Ti)  and  Ni^Ge  occurred  when  the  normal  stress  on  the  {001}  planes 
reached  a  critical  value,  i.e.  the  normal  stress  fracture  criterion  applied. 
Because  the  fracture  in  binary  Ni^Al  crystals  occurs  on  different  fracture 
planes  depending  on  the  stress  axis  orientation,  obviously  the  fracture 
criterion  is  more  complex.  The  fracture  behavior  of  the  tantalum-modified 
alloys  is  different  from  the  binary  alloys  but  equally  complex.  At  present, 
we  are  unable  to  determine  quantitatively  an  appropriate  fracture  criterion 
for  either  the  binary  or  the  tantalum-modified  alloys.  However,  the  following 
approach  is  suggested  for  future  development  of  fracture  criteria  in  Ni^Al 
alloys. 

The  approach  is  based  on  two  important  observations.  There  was  no 
necking  in  fractures  below  the  peak  yield  stress  temperature  in  both  alloy 
systems,  indicating  that,  macroscopically,  fractures  at  these  temperatures 
occur  in  a  brittle  manner.  Secondly,  surface  cracks  were  often  observed  prior 
to  fracture.  These  observations  suggest  a  critical  stage  in  the  fracture  of 
these  alloys  is  the  formation  of  surface  cracks  of  critical  size.  Thus,  an 
appropriate  fracture  criterion  will  have  to  take  into  consideration  the 
mechanisms  of  surface  crack  formation  and  propagation.  Since  surface  steps 
could  provide  stress  concentrations  as  large  as  cracks  (Reference  27),  they 
also  could  be  considered  as  a  candidate  for  fracture  initiation.  Of  interest 
for  intrinsic  ductility  are  the  surface  steps  produced  by  slip.  For  a  given 
surface  step  radius  and  angle,  the  stress  concentration  increases  with  the 
step  height  (Reference  27).  It  could  be  hypothesized  that  a  surface  crack 


4.0  DISCUSSION 


An  important  barrier  to  development  of  intermetallic  compounds  for  high 
temperature  applications  is  the  brittleness  observed  at  various  temperatures . 
One  of  the  objectives  of  this  program  is  to  gain  insight  into  the  brittleness 
problem  through  a  basic  understanding  of  the  relationship  of  dislocation 
behavior  and  tensile  ductility  of  the  compound  in  single  crystal  form  (intrin¬ 
sic  ductility).  The  compound  selected,  the  Ll^  ordered  Ni^Al,  exhibits  many 
complex  dislocation  characteristics  and  serves  as  a  good  prototype  for  other 
intermetallics.  Current  theoretical  understanding  of  alloying  effect  on  Llj 
phase  stability  and  dislocation  structural  configurations  indicate  that 
macroalloying  technique  could  be  used  to  produce  a  variety  of  dislocation 
behavior  in  the  Ni_Al  phase.  The  selected  alloying  changes  were  modification 
of  nickel  content  (stoichiometry),  addition  of  tantalum  and  tin.  The  expected 
dislocation  structural  configuration,  summarized  schematically  in  Figure  1, 
were  CS/APB  coupled  dislocations  in  nickel-rich  (hypostoichiometric)  binary 
alloys,  APB-coupled  dislocations  in  tantalum-modified  alloys  and  SISF-coupled 
dislocations  in  tin-modified  alloys.  Further,  the  tantalum  addition  tends  to 
result  in  nonplanar  dislocation  core  structure,  adding  yet  another  variation 
in  dislocation  behavior.  Nine  alloys  with  compositions  given  in  Table  1  were 
selected.  Since  the  ductility  in  Ni^Al  single  crystal  is  known  to  be  aniso¬ 
tropic  and  temperature  dependent  tensile  testing  of  the  single  crystal  speci¬ 
mens  was  conducted  on  stress  axes  <001>,  <011>,  < 1 1 1 >  and  <123>  and  at  293, 

700,  1033  and  1144K.  The  stress  axes  were  selected  to  study  the  interaction 
of  octahedral  and  cube  slip  and  the  tension-compression  yield  strength  asym¬ 
metry  which  is  an  indication  of  dislocation  core  structure.  To  fabricate 
tensile  specimens  of  these  orientations  and  with  dimensions  adequate  for 
realistic  tensile  tests,  large  single  crystals  90  mm  diameter  and  180  mm  long 
were  grown.  No  previous  single  crystal  study  program  of  this  magnitude  is 
known  to  the  authors.  To  produce  such  large  crystals  of  the  selected  nine 
alloys  and  the  necessary  background  of  the  solidification  behavior  in  most 
cases,  proved  to  be  a  major  task.  We  were  successful  in  producing  good 
quality  large  crystals  of  the  selected  alloys  except  A1  250  and  Sn  234. 

Single  crystals  of  A1  250  were  produced  as  25  mm  diameter  ingots  but  the 
growth  of  Sn  234  single  crystal  was  unsuccessful  using  a  variety  of  growth 
conditions.  Thus  only  eight  alloys  were  tested.  Unfortunately  results  from 
only  six  alloys  were  useful  all  the  tin-containing  specimens  failed  prematurely 
by  cracking  initiated  in  the  secondary  intermetallic  phases  which  formed  in 
the  alloys  during  solidification. 

As  noted  above  the  focus  of  this  study  was  the  attempt  to  explain  tensile 
ductility  elucidated  by  dislocations  and  tens ion- compress ion  asymmetry  tech¬ 
niques.  In  addition  strength  levels,  strain  hardening  and  fracture  behavior 
of  the  crystals  were  also  studied.  Important  results  are  summarized  and 
discussed  below. 

4.1  Effect  of  Temperature  and  Orientation  on  Ductility 

Results  summarized  in  Figure  22  show  that  the  ductility  behavior  is 
rather  complex.  Both  orientation  and  temperature  have  major  effects  on 
ductility  and  the  effects  vary  significantly  between  alloys.  For  the  binary 
alloys  ductility  generally  decreases  with  increasing  temperature  for  all 
orientations  and  reaches  a  minimum  at  about  1000K  for  A1  240.  The  ductility 
minimums  for  the  A1  250  and  Al  270  are  in  the  temperature  range  700K  to  1000K 


pmwrj  r  4  r*  m  ».  Trr  p;  r.  if, 


liv  rv^.  ▼ 


depend  ing  on  speeiri.  jf  Let  Hat  :jbs  i  - :  *  s-.ea  i  «**£.«  i  a'  _s  c  l  l.  A-  ;  !«* 

ductility  due  ceases  La  true  jfi«f  —  •  »!.J  -  —  -  e*.  ej>?  .e»»  '  '•= 

ductility  mini  sun  where  true  <  III*  ^  Lent  *t  i-f.  »;.{;«»?  >  t  »  t-<e  mc  o„.  '*'?•« 

or  ientat  ion-duct  i  L  it  v  re  lac  i  jnships  ere  ruore  .  .«*  it-  »  t-je  -  *.  !*i  r  *■ ■».  l  :.*.»!  » 

al  lovs . 

[n  contrast  to  true  binary  alloys.  *.  rue  lviti.it;  -?  t!*  t*!.t».jit  «Kj;'.ea 
ternarv  alloys  shoe  a  Jitterenc  c«n»p«f  *c -tfe  iej>  e ,  e:t!wi  ;<=**».  i.ag 

relatively  unchanged  or  increasing  with  ternguerat  ,r«  i«},«naihg  of.  t  ►* 
orientation.  Most  remarkable  i »  true  rathe*  rapid  ;«...  re*»e  :«  Jmt  s :  t  >■, 

temperature  m  the  <Lll>>  and  <'L2i>  jf  lent  at  i  vtts  e»[«i  if.  *a  -V* 

To  fully  explain  the  complex  ductility  letayur  fe^airea  a  dctai.eJ 
knowledge  of  the  operative  slip  systems  as  a  iaiit  lot.  o!  oiiet.t  ats.si  and 
temperature,  crack  initiation  mechanism  and  ! rat  tare  criterion  m  t  he  a* 
alloys.  However  the  mam  features  of  the  ductility  pattern  can  be  accounted 
for  if  we  concentrate  on  the  plastic  flow  features  of  th«  process  The 
following  analysis  is  probably  more  applicable  to  low  temperatures,  the  known 
influence  of  environment  at  higher  temperatures  could  complicate  the  picture 
although  the  extent  of  the  effect  tn  single  crystals  is  not  well  documented 
The  CRSS  data  shown  tn  Figure  16  indicates  the  relative  ease  of  flow  on  the 
two  major  competitive  systems,  octahedral  and  cube  slip.  in  principle  the 
ductility  of  a  crystal  can  be  related  to  the  number  and  mobility  of  disloca¬ 
tions.  The  interaction  of  dislocations  on  intersecting  slip  planes  can  lead 
to  inxnobi l izat ion  or  locking  of  dislocations  bv  the  Cot t re  1  -  Lamer  mechanism, 
for  example.  In  the  LI.,  lattice  other  important  factors  include  the  octahedral: 
cube  cross  slip  process'and  *he  tendency  to  nonplener  core  structures  lor 
certain  alloys.  We  have  not  attempted  to  analyse  the  details  of  these  processes 
directly  but  consider  that  the  number  of  dvnamte  slip  svstem  interactions  will 
be  a  measure  of  the  frequency  of  immobilization  events  and  that,  work  hardening 
rate  will  be  an  index  of  the  strength  of  the  Interactions.  Thus  by  using  the 
CRSS  information,  shown  in  Figure  16  and  the  work  hardening  rates  summarized 
in  Figures  21  and  22  ductility  trends  can  be  explained.  For  example  in  alloy 
Al  240  only  octahedral  slip  systems  can  be  activated  because  of  the  high  CRSS 
on  the  cube  system.  As  predicted  the  < 1 2 3 >  and  <I10>  orientations  which  have 
larger  shear  stress  on  the  octahedral  systems  and/or  smaller  number  of  compet¬ 
ing  slip  systems  show  higher  ductility  than  < 1 1 1 >  and  <001 >  orientations.  As 
temperature  increases,  the  cube  slip  systems  become  increasingly  favored  thus 
increasing  the  slip  interactions  which  may  account  in  part  for  the  general 
drop  in  ductility.  The  proximity  of  the  temperatures  of  ductility  minimum  and 
the  cross-over  of  the  CRSS  for  octahedral  and  cube  slip  may  be  significant. 

The  ductility  trends  in  Al  270  can  be  explained  similarly.  Note  that  in  Al 
270,  the  relative  differences  in  CRSS  between  the  octahedral  and  cube  systems 
are  considerably  smaller  and  the  equi-CRSS  temperature  is  also  lower.  This 
could  partly  explain  che  generally  lower  ductility  level  and  lower  temperature 
for  minimum  ductility  in  this  alloy  compared  with  Al  240. 

The  next  section  develops  a  quantitative  model  for  these  processes  and 
can  account  for  the  ductility  behavior  within  alloys.  However,  it  cannot 
account  for  the  large  effect  of  alloy  composition  on  the  absolute  values  of 
ductility,  an  issue  that  is  treated  in  Section  4.3. 


19 


4.2 


Modeling  of  Orientation  Dependence  of  Ductility 


Experimental  determination  of  orientation  dependence  of  ductility  was 
carried  out  with  the  objective  of  gaining  an  insight  into  the  intrinsic 
ductiLity.  The  concept  was  to  use  the  crystallographic  orientation  of  a 
simple  tensile  state  of  stress  as  a  variable  to  probe  the  behavior  of  two  slip 
systems  and  the  interaction  between  them.  As  a  first  step  towards  achieving 
this  objective  an  attempt  has  been  made  to  rationalize  the  orientation  depen¬ 
dence  of  ductility  by  evolving  a  mathematical  model.  The  model  is  aimed  at 
providing  a  quantitative  expression  for  two  qualitative  concepts  which  are 
well  recognized.  The  first  concept  or  requirement  is  that  in  a  single  crystal 
body  the  total  strain  must  be  resolved  as  shear  strains  distributed  among 
various  slip  systems  somehow  in  proportion  to  the  resolved  shear  stresses  as 
well  as  satisfying  compatibility  conditions.  Thus  a  symmetric  orientation  is 
expected  to  deform  by  multiple  slip  systems  and  an  unsymmetrical  orientation 
by  largely  a  single  slip  system  with  extensive  rotation.  The  second  concept 
is  that  the  larger  the  number  of  operating  slip  systems,  the  larger  may  be  the 
interaction  and  work  hardening.  Thus  for  a  symmetric  orientation,  greater 
interactions  from  other  slip  systems  are  expected  with  an  increase  in  work 
hardening  and  decrease  in  ductility.  While  for  an  unsymmetrical  orientation 
deforming  by  single  slip,  a  lesser  amount  of  work  hardening  is  expected  with 
higher  ductility. 

However,  if  there  were  no  interactions  between  the  slip  systems  the 
concept  of  proper  shear  strain  distribution  would  indicate  the  multiple  slip, 
symmetric  orientation  to  have  the  largest  tensile  ductility  and  the  single 
slip  orientation  to  have  the  least.  This  is  on  the  assumption  that  fracture 
will  occur  at  an  equal  shear  strain  on  the  operating  slip  system  irrespective 
of  the  orientation  of  the  tensile  axis.  Clearly  the  concept  of  strain  distri¬ 
bution  and  the  mutual  interactions  between  the  slip  systems  act  in  opposition. 
Furthermore,  except  for  the  most  symmetric  orientation  at  the  corners  and 
boundaries  of  a  standard  stereographic  triangle  there  are  no  orientations 
which  can  be  classified  either  as  single  or  multiple  slip.  One  of  the  objec¬ 
tives  of  the  model  is  to  mathematically  provide  a  weighing  of  various  slip 
systems  based  on  the  relative  values  of  the  resolved  shear  stresses,  so  that 
all  orientations  can  be  treated  in  a  continuous  manner  and  the  opposing 
effects  of  strain  distribution  and  mutual  interactions  on  ductility  can  be 
assessed  on  a  more  quantitative  basis. 


For  a  large  deformation,  rigorously  it  is  essential  to  consider  the 
rotation  of  the  stress  axis.  However,  it  can  be  shown  that  ignoring  the 
rotation  ,  even  at  a  total  strain  of  50%,  introduces  no  more  than  4%  error 
than  the  tensile  strain  calculated  using  the  following  simple  relationship 
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is  the  tensile  strain 

is  the  shear  strain  on  the  operative  slip 
and  a.^  are  cosines  of  angles  between  the 
and  tfte  slip  plane  (j)  and  slip  direction 


system  (jk)  and 
stress  axis 
(k)  respectively. 


where 


In  a  more  familiar  term 


is  the  Schmid  factor  for  the  slip  system. 


Accepting  Equation  (1)  as  approximately  valid,  the  total  tensile  strain 
in  an  Ll^  compound  deforming  by  both  octahedral  and  cube  slip  systems  must  be 
expressed  as  follows: 
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The  additional  subscripts  (o)  and  (c)  in  all  equations  refer  to  octahedral  and 
cube  slip  systems,  respectively. 


Now  in  order  to  achieve  an  approximately  correct  strain  distribution  we  shall 
ignore  any  compatibility  constraints  by  assuming  a  freely  deforming  volume  of 
material.  In  addition,  we  will  assume  that  for  each  family  of  slip  systems  a 
characteristic  linear  relationship  exists  between  the  shear  strain  and  shear 
stress  which  is  independent  of  strain  rate.  In  making  this  assumption  we  are 
allowing  deformation  to  take  place  well  below  the  CRSS  for  the  particular  slip 
system.  If  this  is  not  done,  it  is  difficult  to  account  for  interactions  from 
other  than  primary  slip  systems  without  invoking  a  complex  integration  process 


Thus  we  assume  that 
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where  is  the  applied  tensile  stress. 

Substituting  Equations  (3)  and  (A)  in  Equation  (2)  yields: 
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Now  we  can  relate  the  shear  strain  on  the  primary  slip  system  and  the  total 
tensile  strain  again  using  the  Equation  (2)  as  follows. 
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where  the  additional  subscript  (p)  refers  to  the  primary  slip  system. 
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In  order  to  reconcile  the  two  parameters  B  and  B  for  the  two  families  of 

o  c 

octahedral  and  cube  slip  systems,  respectively,  we  can  qualitatively  reason  a 
relationship  between  them.  It  is  reasonable  to  expect  that  the  glide  of 
dislocations  on  one  or  the  other  slip  system  will  be  controlled  by  their 
relative  values  of  CRSS.  A  system  with  a  higher  CRSS  is  expected  to  be  less 
active  at  a  given  shear  stress  than  a  system  with  a  lower  CRSS.  Thus  we  can 
assume  that  the  ratio  of  these  parameters  will  be  inversely  proportional  to 
their  CRSS  values. 


That  is  B 

_ o 

B 

c 


(CRSS) 


cube 


(CRSS)  .. 
oct 


=  R 


(7) 


Substituting  the  Equation  (7)  into  Equation  (6)  yields  the  following  relation¬ 
ship  where  only  the  ratio  of  CRSS  for  the  two  slip  systems  is  unknown  but  can 
be  easily  deduced  from  experiments. 
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Making  a  critical  assumption  that  fracture  will  always  occur  at  an  equivalent 
critical  fracture  shear  strain  on  the  primary  octahedral  slip  system,  irre¬ 
spective  of  the  shear  strain  distribution  or  the  dominance  of  the  cube  or 
octahedral  slip  systems,  a  unified  fracture  criterion  can  be  deduced  from 
Equation  (8).  The  equation  can  be  expressed  in  a  much  more  simplified  form  as 
follows: 


*f" 
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vfhere  consistent  with  the  notation  used  in  the  literature, 

m  is  the  Schmid  factor  for  octahedral  slip  systems  ,  and 
n  is  the  Schmid  factor  for  cube  slip  systems. 


At  this  point  it  is  important  to  demonstrate  that  the  derived  relation 
satisfies  at  least  certain  simple  boundary  conditions.  Consider  for  example 
the  deformation  behavior  of  an  <001>  symmetric  orientation  in  the  temperature 
region  where  the  role  of  cube  slip  can  be  ignored,  that  is,  R  is  very  large. 
Thus  the  second  factor  in  the  numerator  can  be  ignored.  In  addition,  owing  to 
the  symmetry,  the  deformation  must  occur  on  eight  (8)  octahedral  slip  systems 
with  identical  values  for  the  Schmid  factor.  As  a  result  the  relationship 
extremely  simplified,  is 


*  <001>f  8  m  Y  f 

In  the  absence  of  any  interactions,  the  expression  simply  quantifies  that  for 
the  <001>  orientation  the  total  fracture  elongation  is  eight  times  the  resolved 
fracture  shear  strain  on  the  primary  octahedral  slip  system. 
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Having  reasonably  rat ional ized  the  -listr  iDut  ion  o!  tou.  elongation  in 
terns  of  shear  strains,  we  now  proceed  to  account  tor  inter-s*ip  s>»tejt 
interactions.  To  achieve  this  we  assuse  that  dislocation  activity  on  other 
sLip  systems  effectively  reduces  the  critical  fracture  shear  strain,  Otu.e 
again  to  assess  the  activity  of  various  slip  systems  we  use  relative  resolved 
shear  stresses.  Similar  reasoning  has  been  used  in  developing  models  for  the 
yield  strength  of  LI.,  compounds  by  defining  ratios  of  the  Schmid  factor  for 
the  slip  system  under  consideration  to  the  Schmid  factor  for  the  primary  slip 
system.  Thus  we  can  express  in  terms  of  a  zero  interaction  critical  shear 

strain  value  r  as  follows: 


rc=  r  1-  A 
f  o 


a.  .  .a . , 
ij  ik'o 


I  a.  .  .a..  I 
1  ij  ik'p 


+( 1  /  R )  - 


a  .  .  .  a , , 

ij  ik'c 


a .  .  .a  . . 

ij  ik'p 


Where  A  is  introduced  as  a  single  interaction  parameter  for  both  octahedral 
and  cube  slip  systems. 

To  account  for  the  difference  in  the  intensity  of  the  interaction  from 
the  two  slip  systems,  again  the  ratio  of  CRSS,  R,  is  introduced.  The  relation 
ship  certainly  satisfies  the  boundary  condition  where  deformation  is  dominated 
by  octahedral  slip  and  the  parameter  R  is  very  large,  effectively  making 
interaction  from  cube  slip  systems  insignificant.  To  retain  symmetry,  in  the 
summation  of  interactions  from  various  slip  systems  the  primary  slip  system  is 
also  included.  This  alters  the  way  the  interaction  parameter  A  is  evaluated 
but  does  not  alter  the  modelling  concept  in  any  significant  way. 

Combining  the  concept  of  shear  strain  distribution  and  the  interaction 
effect,  the  elongation  as  a  function  of  orientation  can  be  simply  expressed  as 
follows  in  familiar  notation. 
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Where  M  and  N  are  Schmid  factor  ratios  for  all  octahedral  and  cube  slip 
systems  to  the  primary  octahedral  slip  system  for  the  specific  tensile  orien¬ 
tation. 

In  the  course  of  developing  the  model,  several  simplifying  assumptions  were 
made  with  the  objective  of  introducing  only  a  single  parameter.  Among  these 
assumptions,  however,  the  most  significant  one  is  the  concept  of  critical 
shear  strain  for  failure.  It  seems  intuitively  correct  that  for  a  material 
which  does  not  show  extensive  necking  the  failure  must  occur  by  a  notch  formed 
by  accumulation  of  dislocations  at  a  slip  step  which  may  also  be  affected  by 
dislocations  gliding  on  other  interacting  slip  systems. 

In  order  to  test  the  validity  of  the  model  a  computer  was  programmed  to 
calculate  relative  elongation  as  a  function  of  orientation  within  a  standard 
stereographic  orientation  triangle  for  a  cubic  material.  For  this  purpose  the 
zero  interaction  critical  shear  strain  y  was  assumed  to  be  unity.  The  inter¬ 
action  parameter  A  and  ratio  of  CRSS  of  cube  to  octahedral  slip  systems  were 


the  only  input  to  the  program.  The  output  tr^m  the  program  was  plotted  to 
represent  Lso-eiongat ion  contours  within  the  orientation  triangle. 

The  ternary  alloy  Ta-L95  was  chosen  as  a  realistic  and  representative 
system.  As  shown  in  Figure  16(c),  for  this  alloy  three  distinct  temperature 
regions  can  be  identified.  At  room  temperature  the  ratio  of  CRSS  of  cube  to 
octahedral  slip  systems,  R»l.S.  That  implies  that  octahedral  slip  dominates 
the  deformation.  At  around  7Q0K,  where  the  CRSS  curves  for  cube  slip  and 
octahedral  slip  cross  the  ratio  R-1.0.  This  is  the  temperature  range  at  which 
both  systems  compete  providing  highest  mutual  interaction  as  well  as  the 
largest  number  of  slip  systems  for  strain  distribution.  At  1000K,  where  the 
ratio  of  CRSS  R»0.5,  cube  slip  dominates  the  deformation.  Using  the  observed 
values  of  the  parameter  R  and  qualitatively  realistic  values  of  the  interaction 
parameter,  the  three  temperature  regions  were  modeled  as  presented  in  Figure 
31.  For  room  temperature,  where  R»1.5,  strong  inter-slip  interaction  was 
assumed.  With  increasing  temperature  a  lower  value  for  the  interaction 
parameter  was  used,  reflecting  Increased  thermal  recovery.  To  some  extent, 
the  value  of  the  interaction  parameter  was  contrained  by  the  manner  in  which 
the  model  has  been  constructed,  making  it  somewhat  limited  by  the  value  of  the 
parameter,  R.  Nevertheless  the  choice  of  the  model  parameter  is  not  physically 
meaningless. 

The  results  from  Figure  31  are  plotted  at  three  temperatures  for  the  four 
major  orientations  in  Figure  32.  Comparison  of  Figure  32  with  the  actual 
elongation  plot  for  Ta-195  in  Figure  22  shows  the  model  to  be  remarkably 
successful  in  predicting  the  relative  elongation  as  a  function  of  orientation. 

At  room  temperature  the  model  correctly  predicts  the  general  level  and  hierarchy 
of  the  orientation.  The  ductility  is  observed  to  decrease  in  the  order  of 
<011>,  <123>,  <001>  and  < 1 1 1 >  and  the  model  prediction  completely  agrees  with 
the  observations  \t.  "00K  the  ductility  is  observed  to  decrease  in  the  order 

of  <001>,  <011  „ 1>  and  <123>;  and  once  again  the  prediction  matches  the 

observations.  lOOOK  the  model  correctly  predicts  the  < 1 1 1 >  to  be  signifi¬ 

cantly  more  ductile  tnan  the  <001>  orientation  but  the  order  in  which  the 
relative  elongations  of  <123>  and  <0 1 1 >  are  predicted  do  not  match  with 
observations . 

It  is  important  to  recognize  that  the  plot  in  Figure  32  entails  the 
assumption  of  a  constant  zero  interaction  critical  shear  strain  for  the 
octahedral  slip  system,  r  .  If  the  prediction  in  Figure  32  were  to  be 
matched  with  the  observations  in  Figure  22,  the  value  of  r  should  be 
allowed  to  decrease  with  increasing  temperature.  This  seem  consistent  with 
the  increasingly  deleterious  effect  of  environment  with  increasing  temperature 
(Reference  22)  leading  to  some  loss  of  intrinsic  ductility.  Further  undue 
interpretation  of  the  model  is  not  warranted  at  this  time  without  additional 
verification  and  refinement.  It  must  be  noted  that  we  have  not  considered  any 
effect  due  to  constriction  stress  or  dislocation  core  structure.  With  test 
data  available  for  only  four  orientations,  it  was  considered  statistically 
meaningless  to  introduce  any  more  model  parameters.  It  appears  that  further 
controlled  study  of  work  hardening  as  a  function  of  orientation  in  both 
tension  and  compression  is  necessary  to  provide  additional  refinement  of  the 
model . 

Since  the  model  invokes  nothing  more  than  the  geometry  of  a  cubic  single 
crystal,  it  can  be  applied  to  practical  systems  such  as  nickel  base 


superalloys  to  normalize  the  orientation  dependence  of  ductility  and  further 
refinement  may  even  allow  its  application  to  notch  failure,  which  is  critical 
to  engineering  applications.  The  qualitative  success  of  the  model  suggests 
that  the  assumption  of  failure  occurring  at  a  critical  shear  strain  on  the 
operative  slip  system,  irrespective  of  the  state  of  stress,  may  be  correct. 

4.3  Effect  of  Alloy  Composition  on  Ductility 

Perhaps  the  most  difficult  feature  of  the  trends  to  explain  in  thpse 
alloys  is  the  large  influence  of  stoichiometry  on  ductility  levels.  Why  do 
ductility  values  fall  to  very  low  values  over  a  compositional  range  of  only 
three  atom  percent?  One  could  simply  state  from  the  model  developed  in  4.1 
and  4.2  that  the  strength  of  inter-slip  system  interactions  increase  over 
these  compositional  ranges.  Work  hardening  values  increase  and  this  certainly 
supports  such  a  postulate.  The  fracture  modes  observed,  in  which  shear 
failure  on  slip  planes  appears  to  dominate,  also  support  a  critical  strain 
accumulation  process.  Any  such  hypothesis  should  be  supported  by  a  physical 
model  to  explain  the  changes.  We  consider  the  following  factors  as  important 
in  such  a  model  although  it  is  clear  that  our  understanding  is  far  from 
complete. 

The  dislocation  structures  in  the  alloys  studied  vary  in  a  systematic  way 
with  composition.  If  we  couple  these  observations  with  the  tension  and 
Compression  flow  stress  asymmetry  the  main  results  are  summarized  in  the 
following  table. 


Alloy:  A1240 

Dissociation  Scheme: 

.  A1250 

A1270 

Tal95 

Ta205 

Ta225 

Below  Tp:  (l)*+(3) 

(2)+(3) 

(2) 

(2) 

(2) 

(2) 

Near  Tp  &  Above:  (2) 

(2) 

(2) 

(2) 

(2) 

(2) 

APB  Energy  - - •* 

— - »«  + 

Dislocation  Core  Spreading 

+  Deduced  from  tension-compression  yield  strength  asymmetry 
*  Conclusive  evidence  not  yet  established.  - •»  Assumed  trend. 

where  (1):  CSF/APB-coupled  dislocation,  (2):  APB-coupled  dislocations  and  (3): 
SISF-coupled  dislocations. 

The  effects  of  alloying  on  dislocations  features  are  apparent  from  the 
summary  table.  At  low  temperatures,  a  systematic  change  in  dislocation 
features  can  be  observed  in  the  binary  alloys  depending  on  aluminum 
content/stoichiometry.  In  A1  240  dislocations  tentatively  identified  as 
CS/APB  type  and  SISF-coupled  dislocations  are  present.  The  latter  type  of 
dislocations  were  also  present  in  A1  250  together  with  APB-coupled  disloca¬ 
tions.  In  alloy  A1  270  only  APB-coupled  dislocations  were  found  independent 
of  temperatures.  APB-coupled  dislocations  are  the  most  common  type  of  dislo¬ 
cations  as  they  are  in  all  the  binary  alloys  at  high  temperatures  and  all  the 
tantalum-modified  ternary  alloys  at  all  temperatures.  Some  of  the  important 
differences  between  these  dislocations  appear  to  be  the  spacing  between  the 
super lattice  partials  and/or  the  planarity  of  the  dislocation  core  which  was 
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deduced  from  the  magnitude  of  the  tension-compression  (T-C)  yield  strength 
asymmetry  (Section  3.2.2).  The  absence  of  significant  T-C  asymmetry  in  the 
binary  alloys  suggest  that  the  dislocation  conf iguratins  are  planar  in  the 
binary  alloys.  However,  there  may  be  significant  differences  in  the  spacing 
of  the  super lattice  dislocations.  Unfortunately,  we  have  not  measured  the 
spacings  of  the  low  temperature  (dislocations  in  the  binary  alloys.  However, 
the  presence  of  wide  stacking  fault  ribbons  at  low  temperatures  in  A1  240  and 
Al  250  suggests  that  the  spacing  of  the  SISF-coupled  dislocation  must  be  quite 
large  compared  with  the  spacing  of  the  APB-coupled  dislocations  in  Al  270. 

The  larger  spacing  of  the  APB-coupled  dislocations  in  Al  240  compared  with  Al 
270  was  confirmed  by  measurements  (see  Figure  26). 

There  are  possibly  two  important  differences  among  the  APB-coupled 
dislocations  in  the  tantalum  modified  alloys.  Both  of  these  differences  come 
from  indirect  evidence.  First,  the  fact  that  the  APB-coupled  dislocations  in 
Ta  195  could  not  be  resolved  implies  either  that  the  spacings  are  considerably 
smaller  than  that  observed  in  Al  270  which  is  about  3.5  nm  or  that  the  concept 
of  planar  dislocation  configuration  is  no  longer  valid.  If  the  first  possi¬ 
bility  is  correct  and  if  one  assumes  that  the  increase  in  aluminum  content 
also  increases  the  APB  energy  in  the  ternary  alloys,  as  observed  in  the  binary 
alloys,  then  the  spacings  of  the  APB-coupled  dislocations  in  Ta  225  are  even 
smaller  yet.  On  the  other  hand,  if  one  takes  the  view  that  the  dislocations 
in  the  ternary  alloys  have  nonplanar  core  structures  as  suggested  by  the  T-C 
asymmetry  observed  in  these  alloys,  the  dislocations  may  not  be  characterized 
meaningful  in  terms  of  spacings,  if  indeed  it  could  be  measured  at  all. 

Assuming  the  magnitude  of  the  T-C  asymmetry  is  a  measure  of  the  extent  of 
dislocation  core  spreading,  our  results  indicate  more  core  spreading  in  Ta  225 
than  in  Ta  195. 

Returning  now  to  the  strength  of  inter-slip  system  interaction  which,  as 
proposed  earlier,  may  be  related  to  the  nature  of  dislocations  in  the  alloy. 

To  make  this  association  one  should  compare  the  work  hardening  behavior  of 
materials  with  different  types  of  dislocations  in  a  situation  in  which  the 
deformation  and  inter-slip  interaction  in  these  materials  involve  the  same  set 
of  slip  systems.  An  approximation  to  this  situation  is  the  deformation  of 
<001>  orientation  at  room  temperature  for  the  binary  alloys  and  Ta  195  in 
which  only  the  octahedral  slip  systems  are  involved  as  the  CRSS  ratios  for 
cube  to  octahedral  slip  are  large  in  all  these  cases.  From  the  work  hardening 
data  in  Figures  20  and  21  the  intensities  the  octahedral  inter-slip  interaction 
at  room  temperature  are  found  to  be  proport ioal  to  520,  700  and  1120  for  Al 
240,  Al  250  and  Ta  195,  respectively.  These  differences  can  be  correlated 
with  the  different  types  of  dislocations  found  in  these  alloys:  CSF/APB- 
coupled  and  SISF  coupled  dislocations  in  Al  240,  SISF-coupled  and  APB-coupled 
dislocations  in  Al  250  and  APB-coupled  dislocations  in  Ta  195.  As  discussed 
in  Section  4.2  ductility  decreases  with  increasing  intensity  of  inter-slip 
interactions.  Thus  the  basic  differences  in  the  types  of  dislocation  present 
in  Al  240  and  Ta  195  may  account  for  the  ductility  differences  in  the  <001> 
orientation  between  these  two  alloys.  Unfortunately,  the  intensities  of 
octahedral-cube  and  cube-cube  inter-slip  interactions  cannot  be  deduced  from 
data  available  due  to  premature  failure  in  some  of  the  specimens.  However,  it 
is  interesting  to  note  the  large  drop  in  work  hardening  and  the  accompanying 
increase  in  ductility  in  Ta  195  associated  with  the  onset  of  cube  slip  (Figures 
21  and  22).  This  observation  would  indicate  lower  intensity  for  cube-cube 
inter-slip  interaction  than  the  other  two  types  of  interaction.  For  further 
studies  of  strength  of  inter-slip  interactions  it  is  suggested  that  compression 
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5.0  CONCLUSIONS 


Based  on  studies  of  ductility,  strength  characteristics  and  dislocation 

features  in  binary  and  tantalum-modified  ternary  Ni^Al  alloy  single  crystals 

the  following  conclusions  can  be  made. 

1.  The  intrinsic  ductility  of  Ni^Al  alloys  is  strongly  influenced  by  the 
alloy  stoichiometry.  Aluminum-rich  (hyperstoichiometric)  alloys  are 
intrinsically  brittle. 

2.  Based  on  (1)  it  is  futile  to  seek  improvement  in  ductility  of  hyper¬ 
stoichiometric  alloys  by  grain  boundary  strengthening  using  micro-alloying 
techniques . 

3.  There  is  an  apparent  correlation  between  the  dislocation  configurational 
structure  and  the  intrinsic  ductility  of  an  alloy.  Dislocations  which 
have  more  nonplanar  core  structure  (deduced  from  tension-compression 
yield  strength  asymmetry)  or  closer  spacing  between  the  partials  as  in 
the  case  of  the  hyperstoichiometric  alloys  tend  to  result  in  lower 
ductility. 

4.  Based  on  (3)  an  alloying  direction  for  improving  ductility  alloys  is  to 
lower  the  stacking  fault  energy  in  Ni^Al  which  promotes  formation  of 
stacking  fault-coupled  dislocations  with  larger  spacings. 

5.  Another  important  factor  which  controls  ductility  in  Ni-Al  alloys  is  the 
ratio  of  the  critical  resolved  shear  stresses  CRSS  for  1 1 1 1  }<ll0>  octahedral 
and  {001}<110>  cube  slip.  Ductility  in  Ni^Al  alloys  tend  to  be  lower  at 
temperatures  when  CRSS  for  octahedral  and  cube  slip  are  about  equal. 

6.  Substituting  tantalum  for  aluminum  or  increasing  aluminum  content  in 
Ni^Al  tends  to  raise  thp  CRSS  for  octahedral  slip  without  significantly 
changing  the  CRSS  for  cube  slip,  thus  shifting  the  temperature  of  equi- 
CRSS  for  cube  and  octahedral  slip  to  lower  temperatures  which  results  in 
a  ductility  minimum  at  lower  temperatures. 

7.  Based  on  (6)  an  alloying  direction  of  improving  the  ductility  of  the 
tantalum-modified  Ni_Al  alloy  at  ambient  temperatures  is  to  raise  the 
CRSS  for  cube  slip. 

8.  The  rather  complex  temperature,  orientation  and  compositional  dependence 
of  ductility  in  both  the  binary  and  ternary  alloys  can  be  related  to  the 
probability  of  inter-slip  interactions.  This  can  be  assessed  by  weighing 
all  the  octahedral  and  cube  slip  systems  with  the  magnitudes  of  the 
applied  resolved  shear  stresses  and  the  CRSS  for  the  respective  slip 
system,  and  strength  of  the  interaction  which  is  considered  to  be  governed 
the  dislocation  configurational  structure. 

Based  on  (8),  a  semi-quantitative  model  has  been  developed  which  accounts 
for  the  temperature  and  orientation  dependence  of  a  tantalum-modi f ied 
Ni^Al  reasonably  well. 


9. 


The  current  study  appears  to  be  the  first  to  conduct  systematic  studies 
of  tensile  ductility  in  single  crystals  using  four  major  orientations  and 
over  a  wide  temperature  range  and  attempt  to  relate  the  intrinsic  ductility 
of  an  intermetallic  compound  to  observed  plastic  flow  and  dislocation 
features.  As  a  result  of  this  study  significant  understanding  of  ductility 
behavior  in  Ni^Al  alloys  has  been  achieved  and  some  alloying  directions 
for  ductility  improvements  emerge.  However  to  isolate  the  contribution 
of  dislocation  core  structure  to  work  hardening  and  therefore  ductility^ 
further  study  of  anisotropy  of  work  hardening  in  both  tension  and  com¬ 
pression  is  suggested. 
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Table  1 


Vli'IjYi 


Nominal 

Compositions  of 

Alloys  Selected 

for  Study 

( Atomic 

Percent ) 

Alloy 

Ni 

A1 

Other 

A1 -240 

Bal . 

23.5 

A1  -250 

Bal . 

25.0 

- 

A1 -270 

Bal . 

26.5 

- 

Ta-195 

Bal . 

18.5 

5.0  Ta 

Ta-205 

Bal . 

20.0 

5.0  Ta 

Ta-225 

Bal . 

21.5 

5.0  Ta 

Sn-204 

Bal . 

19.5 

4.0  Sn 

Sn-214 

Bal . 

21.0 

4.0  Sn 

Sn-234 

Bal . 

22.5 

4.0  Sn 

Table  2 

Analyzed  Alloy  Compositions 
(Atomic  Percent) 


A1 1  oy 

Ni 

A1 

Other 

A1 -240 

76.5 

23.5 

Al-250 

75.1 

24.9 

- 

A1  -270 

73.7 

26.3 

- 

Ta-195 

76.4 

18.6 

5.0  Ta 

Ta-205 

74.7 

20.3 

5.0  Ta 

Ta-225 

73.3 

21 .7 

5.0  Ta 

Sn-204 

75.9 

20.1 

4.0  Sn 

Sn-214 

75.8 

20.9 

3.3  Sn 

Sn-234 

* 

* 

* 

*Note:  Single  crystals  of  this  alloy  could  not  be  prepared 
therefore,  this  alloy  was  not  studied. 


Table  3 

Compositions  of  the  Phases  in  Al-250  and  Al-270 
(Atomic  Percent) 


Al-250  (Bulk,  Nominal) 

75 

25 

Ni  3A1 

75.2 

24.8 

NiAl 

64.4 

35.6 

Al-270  (Bulk,  Nominal) 

73.5 

26.5 

Ni  3A1 

74.7 

25.3 

NiAl 

52.6 

37.4 

Table  4 


Compositions  of  the  Phases  in  Sn-214  Single  Crystal 
(Atomic  Percent) 


Ni 

A1 

Sn 

-Cast 

Phase  A 

75.7 

23.0 

1.2 

Phase  B 

72.3 

4.9 

22.2 

Phase  C 

60.3 

2.4 

37.2 

ter  50  hours  at  1 339K 

Phase  A 

75.0 

23.1 

1.9 

Phase  3 

73.5 

6.5 

20.0 

Phase  C 

62.1 

4.5 

33.4 

’fcijir 
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Table  5 

Composition  of  the  Phases  in  Ta-225  Single  Crystal 
(Atomic  Percent) 


Phase 

Ni 

A1 

Ta 

L1 2 

73.3 

21 .1 

5.6 

B2 

60.1 

39.9 

- 

Table  6 

Fracture  Facets  in  Binary  Ni 3A1  Alloys 

Al-240 

Al- 

ss  Axi s 

294K 

1033K 

294K 

(111) 

(011  ) 

(001  ) 

Oil  ] 

(ooi ), (oio),  {no! 

dio),(Tio),(oio) 

★ 

HI] 

(lTi  ),(iiT),(Tn ) 

(lTi  ),(iiT),(Tn ) 

(111  ) 

123] 

{li  o} ,  !i  n ! 

!m! 

(liT).(ooi ) 

Note:  Not 

determi ned. 

Table  7 


Tensile  Data  for  Al-240 


(a)  <001 >  Oriented  Specimens 


Al-240  Ingot  5353-05  HT  No. 60-3-86 


Temperature 

Deg.  F  K 

Spec. 

Ident. 

Axial  Orientation 
Deg.  from 
<100>  <010>  < 

:001> 

Elong.  0.2  %  Yield  Str 
percent  ksi  MPa 

U.  T.  S. 
ksi 

MPa 

<001> 

90 

90 

0 

70.0 

294.1 

BA 

88.0 

87.3 

3.4 

32.0 

14.5 

99.7 

126.97 

875.5 

800.0 

699.7 

BB 

90.0 

90.0 

0.0 

28.4 

52.2 

360.2 

131.79 

908.7 

1,400.0 

1,033.0 

BC 

90.0 

90.0 

0.0 

8.0 

125.9 

868.3 

127.93 

882.1 

1,600.0 

1,144.1 

BD 

90.0 

90.0 

0.0 

13.8 

32.1 

566.0 

86.43 

595.9 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

- - 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<001> 

0.4084 

0.0004 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

BA 

0.4263 

0.0583 

6.17 

42.52 

0.84 

5.81 

800 

699.7 

BB 

0.4084 

0.0004 

21.33 

147.08 

0.02 

0.15 

1,400 

1,033.0 

BC 

0 . 4084 

0.0004 

51.43 

354.60 

0.05 

0.36 

1,600 

1,144.1 

BD 

0.4084 

0.0004 

33.52 

231.14 

0.03 

0.24 

(b)  <01 1 >  Oriented  Specimens 


Al-240  Ingot  5353-05  HT  No. 60-3-86 


Temperature 

Deg.  F  K 

Spec. 

Ident. 

Axial  Orientation 
Deg.  from 
<100>  <01Q»  < 

O 

o 

V 

Elong.  0 
percent 

.2  X  Yield  Str. 
*si  MPa 

U.  T.  S. 
ksi 

MPa 

<01 1> 

90 

45 

45 

70.0 

294.1 

AA 

87.2 

45.7 

44.4 

69.3 

12.9 

88.8 

86.94 

599.4 

800.0 

699.7 

AB 

90.0 

45.0 

45.0 

51.3 

39.5 

272.6 

96.06 

662.4 

1,400.0 

1,033.0 

AC 

90.0 

45.0 

45.0 

8.6 

84.1 

580.0 

88.55 

610.5 

1,600.0 

1.144.1 

AD 

90.0 

45.0 

45.0 

16.6 

68.2 

470.0 

73.04 

503.6 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

Slip 

S 1  i  d 

Octahedra 

1  Slip 

Cube 

S  1  *  D 

<01 1> 

0.4085 

0.3538 

K>i 

MPa 

KSi 

MP, 

70 

294.1 

AA 

0.4253 

0.3778 

5.48 

37.76 

4.37 

33.55 

800 

699.7 

AB 

0.4085 

0.3538 

16.15 

111.33 

13.39 

96.44 

1.400 

1.033.0 

AC 

0.4085 

0.3538 

34.36 

236.90 

29. 76 

205.21 

1.600 

1,144.1 

AD 

0.4085 

0.3538 

27.84 

191.99 

24.12 

166.31 

■I 


Table  7 

(conti nued) 

Tensile  Data  for  Al-240 

(c) 

<m> 

Oriented  Specimens 

Al-240  Ingot  5353-05  HT 

No. 60- 3- 

86 

Temperature 

Spec. 

Axial  Orientation 

E long. 

0.2  %  Yield  Str. 

U.  T.  S. 

Deg.  F 

K 

Ident . 

Oeg . 

from 

percent 

ksi 

MPa 

ksi 

MPa 

<100> 

<010>  <001> 

<111> 

54.74 

54.74 

54.74 

70. C 

294.1 

BA 

56.9 

53.8 

53.6  24.5 

16.4 

113.2 

136.80 

943.3 

800.0 

699.7 

BB 

56.9 

53.8 

53.6  17.1 

56.4 

388.7 

187.91  1 

,295.6 

1,400.0 

1,033.0 

BC 

56.9 

53.8 

53.6  13.1 

67.9 

468.2 

74.33 

512.5 

1,600.0 

1,144.1 

80 

56.9 

53.8 

53.6  15.2 

48.1 

332.0 

65.51 

451.7 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

- _ 

— 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<111> 

0.2722 

0.4715 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

BA 

0.2969 

0.4772 

4.87 

33.61 

7.83 

54.02 

800 

699.7 

BB 

0.2969 

0.4772 

16.74 

115.40 

26.90 

185.49 

1.400 

1,033.0 

BC 

0.2969 

0.4772 

20.16 

139.01 

32.40 

223.43 

1,600 

1.144.1 

BO 

0.2969 

0.4772 

14.30 

98.57 

22.98 

158.43 

(d) 

<123>  Oriented  Specimens 

Al-240 

Ingot  5353-05  HT 

No. 60-3 

-86 

Temperature 

Spec. 

Axial  Orientation 

E long. 

0.2  l  Yield  Str. 

J.  T.  S. 

Oeg.  F 

< 

Ident. 

Deg. 

from 

percent 

ksi 

MPa 

ksi 

MPa 

<100> 

<010> 

<001  > 

<123> 

74.5 

57.69 

36.7 

70.0 

294.1 

BA 

74.6 

59.4 

35.0  51.7 

11.0 

75.6 

75.16 

518. 

800.0 

699.7 

BB 

74.6 

59.4 

35.0  33.6 

36.9 

254.5 

89.06 

614. 

1.400.0 

1.033.0 

BC 

74.6 

59.4 

35.0  18.3 

79.4 

547.5 

81.02 

658. 

1,600.0 

1.144.1 

BD 

74.6 

59.4 

35.0  11.0 

57.1 

393.8 

57.11 

393.1 

Schmid  Factors 

Resolved  Snear  Strength 

Octahedral  Cube 

... 

Slip 

Slip 

Octahedral  Sl’p 

Cube 

S'  'D 

<  I23> 

0.4667 

0.4548 

*S! 

MPa 

KSi 

MPa 

70 

294.1 

8A 

0.4707 

0.4489 

5.16 

35.58 

4.92 

33.93 

800 

699.7 

88 

0.4707 

0.4489 

17. 37 

119.79 

16.57 

i;4.25 

1.400 

1.033.0 

BC 

0.4707 

0.4489 

37.38 

257.70 

35.65 

245. 79 

1.600 

1,144.1 

80 

0.4707 

0.4489 

26.88 

185.35 

25.64 

1 78 .  ’8 

Table  8 

Tensile  Data  A! -250 


(a)  <001>  Oriented  Specimens 

Al-250  Ingot  5210  HT  No. 60-2-86 


Temperature 

Deg.  F  K 

Spec. 

[dent. 

Axial  Orientation 
Deg.  From 
<100>  <010>  < 

A 

CD 

CD 

Elong. 

percent 

0.2  %  Yield  Str 
ksi  HPa 

U.  T.  S. 
Ksi 

MPa 

<001> 

90 

90 

0 

70.0 

294.1 

A0 

86.7 

85.8 

5.4 

47.9 

20.2 

139.3 

117.85 

812.5 

800.0 

699.7 

AC 

86.7 

85.8 

5.4 

24.9 

77.4 

534.0 

154.04 

1.062.1 

1,400.0 

1,033.0 

AB 

86.7 

85.8 

5.4 

2.6 

57.4 

395.5 

57.35 

395.5 

1,600.0 

1.144.1 

AA 

86.7 

85.8 

5.4 

6.8 

55.2 

380.4 

59.84 

412.6 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

---- 

SI  io 

SI  ip 

Octahedral  Slip 

Cube 

Slip 

<001> 

0.4084 

0.0004 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

AO 

0.4364 

0.0924 

8.82 

60.78 

1.87 

12.87 

800 

699.7 

AC 

0.4364 

0.0924 

33. ’9 

233.00 

7.16 

49.34 

1,400 

1.033.0 

AB 

0.4364 

0.0924 

25.-3 

172.56 

5.30 

36.54 

1.600 

1.144.1 

AA 

0.4364 

0.0924 

24.08 

166.00 

5.10 

35.15 

( b )  <011>  Oriented  Specimens 

Al-250  Ingot  5210  HT  No. 60-2-86 


Temperature 

Oeg.  F  < 

Soec. 

Ident. 

Axial  Orientation 
Oeg.  from 
< 100>  <010>  < 

A 

O 

o 

Elong. 

percent 

0.2  %  Yield  Str. 
Ksi  MPa 

U.  T.  S, 
Ksi 

MPa 

<01 1> 

90 

45 

45 

7Q. 0 

294.1 

AA 

88.7 

47.8 

42.2 

47.9 

15.4 

106.2 

77.04 

531. 

800.0 

699.7 

CC 

75.1 

50.0 

43.8 

0.6 

54.0 

372.5 

52.31 

360. 

1.400.0 

1.033.0 

1,600.0 

1,144.1 

38 

76.7 

52.8 

40.3 

3.8 

57.7 

398.0 

62.81 

433. 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

SI  ip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<011> 

0.4085 

0.3538 

<3i 

MPa 

Ksi 

MPa 

70 

294.1 

AA 

0.4335 

0 . 3640 

6 . 58 

46.05 

5.61 

38.68 

800 

699.7 

CC 

0.4644 

0.4752 

25. 39 

173.00 

25.67 

176.99 

1,400 

1,033.0 

1,600 

1,144.1 

3B 

0.4794 

0.4625 

27.67 

190.78 

26.70 

184.08 

5K!w 
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Table  8  (continued) 
Tensile  Data  for  A1 -250 


(c)  <111>  Oriented  Specimens 

A1-250  Ingot  5210  HT  No. 60-2-86 


Temperature 

Spec. 

Axial  Orientation 

Elong. 

0.2  %  Yield  Str. 

U.  T.  S 

, 

Oeg.  F 

K 

Ident. 

Oeg. 

from 

percent 

Ksi 

MPa 

Ksi 

MPa 

<100> 

<010> 

<001> 

<11 1> 

54.74 

54.74 

54.74 

70.0 

294.1 

BE 

55.1 

54.6 

54.5 

12.6 

22.1 

152.4 

163.20 

203.1 

800.0 

699.7 

AB 

54.8 

54.8 

54.6 

13.4 

89.7 

618.5 

170.79 

1,177.6 

1.400.0 

1,033.0 

AD 

54.8 

54.8 

54.6 

0.0 

32.8 

226.2 

79.43 

547.6 

1,600.0 

1,144.1 

AA 

54.8 

54.8 

54.6 

53.4 

54.5 

376.0 

56.30 

388.2 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

— 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<111> 

0.2722 

0.4715 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

BE 

0.3737 

0.5766 

11.01 

75.92 

16.99 

117.14 

800 

699.7 

AB 

0.3718 

0.5778 

33.35 

229.96 

51.83 

357.37 

1,400 

1.033.0 

AD 

0.3718 

0.5778 

12.20 

84.10 

18.96 

130.70 

1,600 

1,144.1 

AA 

0.3718 

0.5778 

20.28 

139.81 

31.51 

217.27 

(d)  <123>  Oriented  Specimens 

Al-250  Ingot  5210  HT  No. 60-2-86 

Temperature  Spec.  Axial  Orientation  Elong.  0.2  %  Yield  Str.  U.  T.  S. 

Oeg.  F  K  Ident.  Deg.  from  percent  ksi  MPa  ksi  MPa 

_  <100>  <010>  <001>  _ 

<123>  74.5  57.69  36.7 

70.0  294.1 

800.0  699.7 

1,400.0  1,033.0 
1,600.0  1,144.1 


Schmid  Factors 
Octahedral  Cube 
Slip  Slip 
<123>  0.4667  0.4548 


70  294.1 

800  699.7 

1,400  1,033.0 
1,600  1,144.1 


Resolved  Shear  Strength 
Octahedral  Slip  Cube  Slip 
Ksi  MPa  Ksi  MPa 


1 


$ 
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Table  9  (continued) 
Tensile  Data  for  AT -270 


(c)  <111>  Oriented  Specimens 


Al-270  Ingot  5353-04  HT  No. 60-1-86 


Temperature 

Oeg.  F  < 

Spec. 

Ident. 

Axial  Orientation 
Oeg.  From 
<100>  <010> 

<001> 

Elong. 

percent 

0.2  %  Yield  Str. 
ksi  MPa 

0.  T.  S. 
ksi 

MPa 

<1U> 

54.74 

54.74 

54.74 

70.0 

294.1 

AC 

61.2 

54.3 

49.2 

10.7 

37.5 

258.9 

47.38 

326.7 

800.0 

699.7 

3F 

52.5 

53.4 

58.4 

0.5 

79.90 

550.9 

1.400.0 

1,033.0 

AA 

61.2 

54.3 

49.2 

3.1 

33.6 

231.9 

38.18 

263.3 

1,600.0 

1,144.1 

AO 

61.2 

54.3 

49.2 

60.0 

21.6 

148.6 

22.41 

154.5 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

— 

SI  ip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<311> 

0.2722 

0.4715 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

AC 

0.3505 

0.4928 

13.16 

90.72 

18.50 

127.56 

800 

699.7 

BF 

0.2367 

0.4467 

1,400 

1,033.0 

AA 

0.3505 

0.4928 

11.79 

81.28 

16.58 

114.29 

1,600 

1,144.1 

AO 

0.3505 

0.4928 

7.55 

52.08 

10.62 

73.23 

(d)  <1 23>  Oriented  Specimens 


Al-270  Ingot  5353-04  HT  No. 60-1-86 


Temperature 

Deg.  F  K 

Spec. 

Ident. 

Axial  Orientation 
Oeg.  from 
<1C0>  <01 0> 

<00 1> 

Elong.  0.2  %  Yield  Str. 
percent  ksi  MPa 

U.  T.  S. 
ksi 

MPa 

<123> 

74.5 

57.69 

36.7 

70.0 

294.1 

AC 

74.8 

59.0 

35.3 

43.3 

17.0 

117.1 

82.34 

567.7 

800.0 

699.7 

AB 

74.6 

59.4 

35.3 

3.8 

56.4 

389.0 

56.42 

389.0 

1,400.0 

1.033.0 

AA 

74.6 

59.4 

35.3 

6.1 

76.6 

528.2 

38.10 

262.7 

1,600.0 

1,144.1 

AD 

74.6 

59.4 

35.3 

20.1 

35.2 

242.6 

60.26 

415.5 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

Slip 

Slip 

Octahedral  Slip 

Cube  SI  ip 

<123> 

0.4667 

0.4548 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

AC 

0.4706 

0.4486 

7.99 

55.08 

7.62 

52.51 

800 

699.7 

AB 

0.4681 

0.4473 

26.41 

182.12 

25.24 

174.02 

1,400 

1,033.0 

AA 

0.4681 

0.4473 

35.86 

247.26 

34.27 

236.27 

1,600 

1,144.1 

AD 

0.4681 

0.4473 

16.47 

113.58 

15.74 

108.53 

42 


Tensile  Data  for  Ta-195 


(a)  <001 >  Oriented  Specimens 

Temperature  Spec,  Axial  Orientation  Elong.  0.2  %  Yield  Str  II.  T.  S. 

Oeg.  F  K  Ident.  Oeg.  from  percent  ksi  MPa  ksi  MPa 

<100>  <010>  <001> 


<00 1> 

90 

90 

0 

70.0 

294.1 

BA 

90.0 

81.1 

8.9 

12.0 

57.9 

399.2 

104.5 

720.5 

70.0 

294.1 

CE 

89.5 

81.2 

8.9 

21.3 

62.1 

428.2 

101.1 

697.1 

800.0 

699.7 

CG 

89.5 

81.2 

8.9 

25.4 

108.0 

744.7 

122.1 

841.9 

800.0 

699.7 

, 

t 

# 

1400.0 

1,033.0 

BD 

90.0 

81.1 

‘8.9 

10.6 

117.5 

810.2 

146.3 

1008.7 

1400.0 

1,033.0 

CF 

89.5 

81.2 

8.9 

13.0 

133.2 

918.4 

152.7 

1052.9 

1600.0  1,144.1 
1600.0  1,144.1 


Schmid  Factors 
Octahedral  Cube 


Resolved  Shear  Strength 
C:tahedral  Slip  Cube  Slip 


A 

i—* 

O 

O 

V 

0.4084 

0.0004 

Ksi 

MPa 

Ksi 

MPa 

70.0 

294.1 

BA 

0.4610 

0.1091 

26.69 

184.04 

6.32 

43.54 

70.0 

294.1 

CE 

0.4612 

0.1135 

28.64 

197.47 

7.05 

48.60 

800.0 

699.7 

CG 

0.4612 

0.1135 

49.81 

343.43 

12.26 

84.51 

800.0 

699.7 

. 

> 

# 

m 

1400.0 

1033.0 

80 

0.4610 

0.1091 

54.17 

373.48 

12.82 

88.37 

1400.0 

1033.0 

CF 

0.4612 

0.1135 

61.43 

423.56 

15.12 

104.23 

1600.0 

1600.0 


1144.1 

1144.1 


(b)  <011>  Oriented  Specimens 


Temperature 

Deg .  F  K 

Spec. 

Ident. 

Axial  Orientation 
Deg.  from 
<100>  <010> 

<001> 

Elong. 

percent 

0.2  *  Yield  St 
ksi  MPa 

U.  T. 
ksi 

S. 

MPa 

<01 1> 

90 

45 

45 

70.0 

294.1 

BE 

84.5 

47.9 

42.6 

28.2 

57.5 

396.5 

97.9 

675.0 

70.0 

294.1 

AB 

86.3 

45.7 

44.6 

22.0 

42.5 

293.0 

95.6 

659.2 

800.0 

699.7 

BF 

84.5 

47.9 

42.6 

21.1 

101.8 

701.9 

115.7 

797.8 

800.0 

699.7 

AA 

86.3 

45.7 

44.6 

24.6 

98.1 

676.4 

119.1 

821.2 

1400.0 

1,033.0 

BG 

84.5 

47.9 

42.6 

30.0 

98.4 

678.5 

123.6 

852.2 

1400.0 

1,033.0 

AC 

86.3 

45.7 

44.6 

23.5 

87.5 

603.3 

120.5 

830.8 

1600.0 

1,144.1 

BH 

84.5 

47.9 

42.6 

20.1 

. 

100.4 

692.3 

1600.0 

1,144.1 

A0 

86.3 

45.7 

44.6 

13.7 

57.6 

397.2 

96.9 

668.1 

Schmid  Factors 
Octahedral  Cube 
Slip  Slip 
<01 1>  0.4085  0.3538 


Resolved  Shear  Strength 
Octahedral  Slip  Cube  Slip 


70.0 

70.0 

800.0 

800.0 

1400.0 

1400.0 

1600.0 

1600.0 


294.1 

294.1 

699.7 

699.7 

1033.0 

1033.0 

1144.1 

1144.1 


0.4452 

0.4272 

0.4452 

0.4272 

0.4452 

0.4272 

0.4452 

0.4272 


0.3989 

0.3848 

0.3969 

0.3848 

0.3989 

0.3848 

0.3989 

0.3848 


ksi  MPa 
25.60  176.51 

18.16  125.18 

45.32  312.49 
41.91  288.95 

43.81  302.06 

37.38  257.73 


22.94  158.15 
16.35  112.75 
40.61  279.99 
37.75  260.25 
39.25  270.64 
33.67  232.13 


24.61  169.66  22.16  152.81 


wo 


m 


V-"-' 
■  y  -■* 


vf 

Aft 


Table  10  (continued) 
Tensile  Data  for  Ta-195 


(c)  <11 1>  Oriented  Specimens 


Temperature 

Oeg.  F  K 

Spec. 

[dent. 

Axial  Orientation 
Oeg.  from 
<100>  <010> 

<001> 

Elong. 

percent 

0.2  *  Yield  St 
ksi  MPa 

U.  T. 
ksi 

S. 

MPa 

<111> 

54.74 

54.74 

54.74 

70.0 

294.1 

BE 

61.1 

52.6 

50.9 

3.7 

91.9 

633.7 

173.3 

1194.9 

70.0 

294.1 

AA 

57.0 

55.5 

51.8 

3.4 

62.7 

432.3 

123.2 

849.5 

800.0 

699.7 

8H 

61.1 

52.6 

50.9 

14.3 

130.9 

902.6 

177.9 

1226.6 

800.0 

699.7 

AO 

57.0 

55.5 

51.8 

22.8 

121.8 

839.8 

163.0 

1123.9 

1400.0 

1.033.0 

BG 

61.1 

52.6 

50.9 

45.5 

79.8 

550.2 

109.7 

756.4 

1400.0 

1.033.0 

AC 

57.0 

55.5 

51.8 

60.7 

74.1 

510.9 

105.3 

726.0 

1600.0 

1,144.1 

BF 

61.1 

52.6 

50.9 

40.1 

66.9 

461.3 

85.0 

586.1 

1600.0 

1,144.1 

• 

. 

. 

. 

. 

. 

Schmid  Factors 
Octahedral  Cube 


Resolved  Shear  Strength 
Octahedral  Slip  Cube  Slip 


<111> 

0.2722 

0.4715 

Ksi 

MPa 

Ksi 

MPa 

70.0 

294.1 

BE 

0.3432 

0.4863 

31.54 

217.46 

44.69 

308.16 

70.0 

294.1 

AA 

0.3036 

0.4857 

19.04 

131.26 

30.45 

209.97 

800.0 

699.7 

BH 

0.3432 

0.4863 

44.92 

309.74 

63.66 

438.93 

800.0 

699.7 

AD 

0.3036 

0.4857 

36.98 

254.99 

59.16 

407.89 

1400.0 

1033.0 

BG 

0.3432 

0.4863 

27.39 

188.83 

38.81 

267.59 

1400.0 

1033.0 

AC 

0.3036 

0.4857 

22.50 

155.13 

35.99 

248.15 

1600.0 

1144.1 

BF 

0.3432 

0.4863 

22.96 

158.30 

32.54 

224.33 

1600.0 

1144.1 

. 

. 

. 

. 

. 

. 

(d)  <1 23>  Oriented  Specimens 


Temperature 

Oeg.  F  K 

Spec. 

Ident. 

Axial  Orientation 
Oeg.  from 
<100>  <010> 

<001> 

Elong. 

percent 

0.2  *  Yield  St 
k«_  i  MPa 

U.  T. 
ksi 

S. 

MPa 

<123> 

74.5 

57.69 

36.7 

70.0 

294.1 

AB 

75.6 

52.6 

41.1 

15.1 

56.1 

386.8 

102.2 

704.7 

70.0 

294.1 

BE 

76.1 

55.1 

38.4 

20.3 

59.5 

410.3 

109.1 

752.2 

800.0 

699.7 

AC 

75.6 

52.6 

41.1 

15.6 

100.0 

689.5 

123.0 

848.1 

800.0 

699.7 

BF 

76.1 

55.1 

38.4 

15.5 

111.9 

771.6 

136.8 

943.2 

1400.0 

1,033.0 

AD 

75.6 

52.6 

41.1 

39.0 

80.0 

551.6 

92.7 

639.2 

1400.0 

1,033.0 

BG 

76.1 

55.1 

38.4 

46.7 

87.5 

603.3 

94.6 

652.3 

1600.0 

1,144.1 

AA 

75.6 

52.6 

41.1 

23.3 

61.8 

426.1 

77.8 

536.4 

1600.0 

1,144.1 

BH 

76.1 

55.1 

38.4 

45  3 

68.5 

472.3 

74.7 

515.1 

Schmid  Factors 
Octahedral  Cube 


Resolved  Shear  Strength 
Octahedral  Slip  Cube  Slip 


<123> 

0.4667 

0.4548 

Ksi 

MPa 

Ksi 

MPa 

70.0 

294.1 

AB 

0.4554 

0.4569 

25.55 

176.15 

25.63 

176.74 

70.0 

294.1 

BE 

0.4666 

0.4507 

27.76 

191.43 

26.82 

184.90 

800.0 

699.7 

AC 

0.4554 

0.4569 

45.54 

313.99 

45.69 

315.04 

800.0 

699.7 

BF 

0.4666 

0.4507 

52.22 

360.03 

50.43 

347.74 

1400.0 

1033.0 

AD 

0.4554 

0.4569 

36.43 

251.19 

36.55 

252.04 

1400.0 

1033.0 

BG 

0.4666 

0.4507 

40.83 

281.52 

39.44 

271.91 

1600.0 

1144.1 

AA 

0.4554 

0.4569 

28.14 

194.04 

28.24 

194.70 

1600.0 

1144. 1 

BH 

0.4666 

0.4507 

31.96 

220.39 

30.87 

212.87 

Ha 


Tensile  Data  for  Ta-205 


(a)  <001 >  Oriented  Specimens 


Ta-205-l  Ingot  5200  HT  No.  104-1-86 


Temperature 

Spec. 

Axial  Orientation 

Deg.  F 

K 

ldent. 

Deg. 

from 

<100> 

<010>  ■ 

<001> 

90 

90 

70.0 

294.1 

AA 

89.5 

88.6 

800.0 

699.7 

AC 

89.5 

88.6 

1,400.0 

1,033.0 

AD 

89.5 

88.6 

1.600.0 

1,144.1 

BE 

88.1 

86.5 

Schmid 

Factors 

Octahedral  Cube 

Slip 

Slip 

<00 1> 

0.4084 

0.0004 

70 

294.1 

AA 

0.4182 

0.0239 

800 

699.7 

AC 

0.4182 

0.0239 

1,400 

1,033.0 

AD 

0.4182 

0.0239 

1,600 

1,144.1 

BE 

0.4317 

0.0669 

(b)  <01 1>  Oriented  Specimens 


Ta-205- 1  Ingot  5200  HT  No.  104-1-86 


Temperature 

Spec. 

Axial  Orientation 

Deg.  F 

K 

Ident. 

Deg. 

from 

<100> 

<010>  • 

<011> 

90 

45 

70.0 

294.1 

CA 

90.0 

45.6 

800.0 

699.7 

CB 

90.0 

45.6 

1,400.0 

1,033.0 

CC 

90.0 

45.6 

1,600.0 

1,144.1 

CD 

90.0 

45.6 

Schmid 

Factors 

Octahedral  Cube 

Slip 

Slip 

<011> 

0.4085 

0.3538 

70 

294.1 

CA 

0.4127 

0.3537 

800 

699.7 

CB 

0.4127 

0.3537 

1,400 

1,033.0 

CC 

0.4127 

0.3537 

1,600 

1,144.1 

CD 

0.4127 

0.3537 

H> 

Elong. 

percent 

0.2  %  Yield  Str 
ksi  MPa 

U.  T.  S, 
ksi 

MPa 

0 

1.4 

0.0 

122.5 

844.8 

150.41 

1,037.1 

1.4 

0.0 

178.9 

1,233.3 

182.93 

1,261.3 

1.4 

9.5 

193.0 

1,330.6 

197.09 

1,359.0 

3.9 

22.1 

102.6 

707.6 

108.69 

749.4 

Resolved  Shear  Strength 

Octahedral  Slip 

Cube 

Slip 

Ksi 

MPa 

Ksi 

MPa 

51.24 

353.27 

2.92 

20.15 

74.79 

515.69 

4.27 

29.42 

80.70 

556.41 

4.60 

31.74 

44.31 

305.49 

6.86 

47.31 

01> 

Elong.  0.2  £  Yield  Str. 
percent  ksi  MPa 

U.  T.  S. 
ksi 

MPa 

45 

44.4 

1.4 

100.8 

695.2 

120.66 

832.0 

44.4 

4.5 

136.0 

937.7 

144.40 

995.6 

44.4 

8.8 

122.8 

846.5 

133.74 

922.1 

44.4 

22.0 

83.9 

578.5 

86.35 

595.4 

Resolved  Shear  Strength 

Octahedral  Slip 

Cube 

Slip 

Ksi 

MPa 

Ksi 

MPa 

41.61 

286.90 

35.67 

245.91 

56.12 

386.98 

48.11 

331.70 

50.66 

349.32 

43.43 

299.42 

34.63 

238.74 

29.68 

204.64 

45 


Table  11  (continued) 
Tensile  Data  for  Ta-205 


(c)  <11 1>  Oriented  Specimens 

Ta-205-l  Ingot  5200  HT  No.  104-1-36 


Temperature 

Oeg.  F  K 

Spec. 

Ident. 

Axial  Orientation 

Oeg.  From 

<100>  <010>  <001> 

Elong.  0.2  %  Yield  Str. 
percent  ksi  MPa 

U.  T.  S. 
ksi 

MPa 

<U1> 

54.74 

54.74 

54.74 

70.0 

294.1 

BA 

62.8 

51.2 

50.9 

1.4 

118.3 

815.9 

123.91 

854.3 

800.0 

699.7 

B8 

62.8 

51.2 

50.9 

1.7 

92.0 

634.5 

92.02 

634.5 

1,400.0  1,033.0 

BC 

62.8 

51.2 

50.9 

2.7 

85.9 

592.0 

96.38 

664.5 

1,600.0  1,144.1 

BO 

62.8 

51.2 

50.9 

29.0 

69.9 

482.0 

74.10 

510.9 

Schmid  Factors 
Octahedral  Cube 


Resolved  Shear  Strength 
Octahedral  Slip  Cube  Slip 


<111* 

0.2722 

0.4715 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

BA 

0.3555 

0.4837 

42.07 

290.09 

57.23 

394.63 

800 

699.7 

88 

0.3555 

0.4837 

32.72 

225.58 

44.51 

306.87 

1,400 

1.033.0 

BC 

0.3555 

0 . 4837 

30.53 

210.48 

41.53 

286.33 

1,600 

1,144.1 

BD 

0.3555 

0.4837 

15.58 

107.43 

21.20 

146.15 

(d)  <1 23>  Oriented  Specimens 

Ta-205-l  Ingot  5200  HT  No.  104-1-86 


>mperature 
?g.  F  K 

Spec. 

Ident. 

Axial  Orientation 
Oeg .  from 
<100*  <010* 

<001* 

Elong. 

percent 

0.2  *  Yield  Str. 
ksi  MPa 

U.  T.  S. 
ksi 

MPa 

<123* 

74.5 

57.69 

36.7 

70.0 

294.1 

8A 

74.6 

60.3 

34.2 

6.7 

98.6 

679.7 

126.06 

869.2 

800.0 

699.7 

88 

74.6 

60.3 

34.2 

8.3 

134.4 

926.9 

154.92  1 

,068.2 

,400.0 

1,033.0 

BC 

74.6 

60.3 

34.2 

28.0 

92.7 

639.0 

102.44 

706.3 

,600.0 

1,144.1 

B0 

74.6 

60.3 

34.2 

35.0 

73.2 

504.5 

74.80 

515.7 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

— 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<123* 

0.4667 

0.4548 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

BA 

0.4714 

0.4453 

46.48 

320.45 

43.90 

302.72 

800 

699.7 

BB 

0.4714 

0.4453 

63.37 

436.95 

59.86 

412.77 

1,400 

1,033.0 

BC 

0.4714 

0.4453 

43.69 

301.26 

41.27 

284.59 

1,600 

1,144.1 

B0 

0.4714 

0.4453 

34.49 

237.84 

32.59 

224.68 

■V'C' 


\v>>\y;Si->3»3.‘w3.vx^ 


>551 


r.iyi.* t.v  i.« 


Table  12 

Tensile  Data  for 

■  Ta-225 

(a) 

<001 >  Oriented  Specimens 

Ta-225-1 

.  Ingot  5196  HT 

No.  104-3 

-86 

Temperature 

Spec. 

Axial  Orientation 

Elong. 

0.2  %  Yield  Str 

U.  T.  S. 

Oeg.  F 

K 

[dent. 

Deg. 

from 

percent 

Ksi 

MPa 

ksi 

MPa 

<100> 

<010>  < 

Q01> 

<001> 

90 

90 

0 

70.0 

294.1 

AA 

89.8 

89.7 

0.4 

1.3 

137.3 

946.7 

137.30 

946.7 

800.0 

699.7 

AB 

89.8 

89.7 

0.4 

0.0 

190.7 

1,314.7 

190.68 

1,314.7 

1,400.0 

1,033.0 

AC 

89.8 

89.7 

0.4 

0.6 

183.7 

1,266.4 

185.31 

1,277.7 

1,600.0 

1,144.1 

AD 

89.8 

89.7 

0.4 

11.1 

92.1 

634.9 

99.55 

686.4 

1 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

— 

i 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

1 

<001> 

0.4084 

0.0004 

i 

Ksi 

MPa 

Ksi 

MPa 

j 

70 

294.1 

AA 

0.4106 

0.0063 

56.37 

388.67 

0.87 

6.00 

800 

699.7 

AB 

0.4106 

0.0063 

78.29 

539.79 

1.21 

8.34 

,* 

1,400 

1,033.0 

AC 

0.4106 

0.0063 

75.41 

519.95 

1.16 

8.03 

} 

} 

1,600 

1,144.1 

AD 

0.4106 

0.0063 

37.81 

260.68 

0.58 

a. 03 

i  <, 

<ou> 

Oriented  Specimens 

f 

Ta-225-1  Ingot  5196  HT 

No.  104-3 

-86 

* 

Temperature 

Spec. 

Axial  Orientation 

Elong. 

0.2  %  Yield  Str. 

U.  T.  S. 

Deg.  F 

K 

Ident. 

Deg. 

from 

percent 

ksi 

MPa 

ksi 

MPa 

t 

<100> 

<010>  < 

:001> 

<011> 

90 

45 

45 

< 

70.0 

294.1 

AA 

87.7 

45.1 

45.0 

2.4 

111.2 

767.0 

125.46 

865.0 

a 

800.0 

699.7 

AB 

87.7 

45.1 

45.0 

2.4 

151.3 

1,042.9 

153.79 

1,060.4 

B 

1,400.0 

1,033.0 

AC 

87.7 

45.1 

45.0 

0.8 

100.2 

690.9 

100.20 

690.9 

\ 

1,600.0 

1,144.1 

AD 

87.7 

45.1 

45.0 

0.8 

70.2 

484.1 

77.14 

531.9 

1 

Schmid 

Factors 

Resolved  Shear  Strength 

s 

Octahedral  Cube 

— 

— 

$ 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

s 

<011> 

0.4085 

0.3538 

Ksi 

MPa 

Ksi 

MPa 

f 

70 

294.1 

AA 

0.4192 

0.3737 

46.63 

321.52 

41.58 

286.67 

/ 

800 

699.7 

AB 

0.4192 

0.3737 

63.41 

437.18 

56.53 

389. 79 

j 

1,400 

1,033.0 

AC 

0.4192 

0.3737 

42.00 

289.61 

37.45 

258.22 

[ 

1,600 

1,144.1 

A0 

0.4192 

0.3737 

29.43 

202.91 

26.24 

180.92 
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Table  1 2  (continued) 


Tensile  Data  for  Ta-225 
(c)  <111>  Oriented  Specimens 


Ta-225-1  Ingot  5196  HT  No.  104-3-86 


Temperature 

Oeg.  F  K 

Spec. 

[dent. 

Axial  Orientation 

Oeg.  from 

<100>  <010>  <Q01> 

Elong . 
percent 

0.2  %  field  Str. 
<si  MPa 

U.  T.  S 
ksi 

MPa 

<111> 

54.74 

54.74  54.74 

70.0 

294.1 

BA 

56.1 

55.7  52.3 

2.4 

144.7 

997.8 

180.89 

1,247.3 

800.0 

699.7 

8B 

56.1 

55.7  52.3 

1.3 

142.3 

981.0 

144.72 

997.8 

1.400.0 

1,033.0 

BC 

56.1 

55.7  52.3 

9.2 

101.4 

699.2 

124.56 

858.8 

1,600.0 

1,144.1 

BO 

56.1 

55.7  52.3 

12.0 

72.6 

500.4 

74.60 

514.3 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

_ 

_ 

Slip 

Slip 

Octahedral  Slip 

Cube 

Slip 

<111> 

0.2722 

0.4715 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

BA 

0.2948 

0.4851 

42.66 

294.17 

70.20 

484.03 

800 

699.7 

BB 

0.2948 

0.4851 

41.94 

289.21 

69.02 

475.88 

1,400 

1,033.0 

BC 

0.2948 

0.4851 

29.90 

206.13 

49.19 

339.17 

1,600 

1,144.1 

BD 

0.2948 

0.4851 

21.40 

147.54 

35.21 

242.76 

(d)  <123>  Oriented  Specimens 


Ta-225-1 

Ingot 

5196  HT 

No.  104-3 

-86 

Temperature 

Spec. 

Axial  Orientation 

Elong. 

0.2  %  Yield  Str. 

U.  T.  S. 

Deg.  F 

K 

Ident . 

Deg. 

from 

percent 

ksi 

MPa 

ksi 

MPa 

<100> 

<010>  < 

001> 

<123> 

74.5 

57.69 

36.7 

70.0 

294.1 

A1A 

75.9 

56.9 

36.8 

4.0 

107.6 

741.8 

124.83 

860.7 

800.0 

699.7 

A1B 

75.9 

56.9 

36.8 

2.2 

139.1 

959.1 

155.24  I 

.,070.4 

1,400.0 

1,033.0 

B1C 

76.3 

57.2 

36.2 

4.3 

112.0 

772.2 

122.00 

841.2 

1,600.0 

1,144.1 

BID 

76.3 

57.2 

36.2 

23.3 

72.6 

500.4 

69.76 

481.: 

Schmid 

Factors 

Resolved  Shear  Strength 

Octahedral  Cube 

— 

— 

Slip 

Slip 

Octahedral  Slip 

Cube 

SI  ip 

<123> 

0.4667 

0.4548 

Ksi 

MPa 

Ksi 

MPa 

70 

294.1 

A1A 

0.4711 

0.4479 

50.68 

349.45 

48.18 

332.22 

800 

699.7 

A  IB 

0.4711 

0.4479 

65.53 

451.82 

62.30 

429.54 

1,400 

1,033.0 

B1C 

0.4737 

0.4441 

53.05 

365.78 

49.74 

342.94 

1,600 

1,144.1 

BID 

0.4737 

0.4441 

34.38 

237.04 

32.23 

222.24 
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Orientation/ Stress 


Temperature 


<001>Compression 

<001>Tension 

<01 l>Compression 
<01 l>Tension 


294K 

294K 

294K 

i 

0.2  % 

Yield  Str 

ength,  MPa 

89.6 

265.5 

245.5 

651.6 

405.4 

781.2 

823.3 

1,132.8 

100.0 

359.9 

175.1 

479.9 

413.7 

744.7 

945.3 

1,314.9 

43.2 

393.7 

243.4 

593.7 

542.6 

950.8 

1,227.3 

1,232.1 

88.9 

272.4 

153.8 

610.2 

i  344.8 

689.5  1 

766.7 

1,043.2 

SolutG  •*<  ^  p  g 
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DO22 
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Figure  1  Schematic  Diagram  Summarizing  the  Effects  of  Various  Solute 

Elements  on  Lattice  Stability  of  the  Ll 2  Structure  and  the 
Likely  Types  of  Dislocation  Dissociation  which  Would  Occur.  The 
distribution  of  the  solute  atoms  on  the  close-packed  planes  of 
various  derivative  structures  and  their  stacking  sequence  are 
also  depicted. 
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Figure  4  Distribution  of  <001>  Directions  on  Various  Locations  on  the  Top 
and  Bpttom  Faces  of  the  Single  Crystal  Ingot  of  Alloy  A1 -240 
with  Reference  to  Three  Orthogonal  Axes  Chosen  to  be  Parallel  to 
the  Axis  of  the  Ingot  and  the  Dendrite  Arm  Directions 
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Figure  5  Distribution  of  <001>  Directions  on  Various  Locations  on  the  Top 
and  Bottom  Faces  of  the  Single  Crystal  Ingot  of  Alloy  Ta-195 
with  Reference  to  Three  Orthogonal  Axes  Chosen  to  be  Parallel  to 
the  Axis  of  the  Ingot  and  the  Dendrite  Arm  Directions 
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Figure  6  Distribution  of  <001 >  Directions  on  Various  Locations  on  the  Top 
and  Bottom  Faces  of  the  Single  Crystal  Ingot  of  Alloy  Sn-204 
with  Reference  to  Three  Orthogonal  Axes  Chosen  to  be  Parallel  to 
the  Axis  of  the  Ingot  and  the  Dendrite  Arm  Directions 
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Appearance  of  a  Crystal  Section  After  Cylindrical  Slugs  with 
Different  Crystallographic  Orientations  have  been  Removed  by  EDM 
Technique.  X-ray  orientation  measurements  were  made  on  five 
different  locations  (the  smaller,  circular  regions)  on  each  end 
of  the  ingot. 


20^m 


Scanning  Electron  Micrograph  of  Sn-214  in  the  As-Cast  Condition 
The  composition  of  the  phases  labelled  A,  B,  and  C  in  (b)  are 
given  in  Table  4. 


Figure  10 


to 


200Pmf 


Figure  12 


Microstructure  of  Ta-225  Single  Crystal:  (a)  As-Cast,  and  (b) 
After  100  hours  at  1477K.  The  dark  phase  is  MiAl. 
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Figure  16  Comparison  of  Deduced  CRSS  Versus  Temperature  for  Octahedral  and 
Cube  Slip  Systems  for:  (a)  Binary  Al-240,  (b)  Binary  Al-270, 

(c)  Ternary  Ta-195,  and  (d)  Ternary  Ta-225  Alloys 
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r  «<»  Mrit. '  u?dgSri 

Dislocation  Structures  in  Al-250  Strained  Along  <11 1>  at  1144K 
Showing  Two  Sets  of  Screw  Dislocations  Bounding  APB  on  Cube 
(010)  Planes  with  Burgers  Vectors  of  a /2<1 01  >  and  a /2<1  01  > 


200  nm 
150.000X 


of  APB  Coupled-Dislocation  Pairs  in:  (a)  5.0  nm  in 
and  (b)  3.5  nm  in  AV- 270.  Dislocations  imaged  usin 
■k  field  technique  (g\  3g’)  on  (111)  plane  with  q  = 


.IVVJ 


mDDEl!  diameters 
A =  0 .  1  0  0 

c  =  1  R 


<  1 1 1  > 

/A'7'  17^7 

/  .r 


1  2  V  >  \  x  ' 

t .  b  T  0  2  *•  * - 


<  0  G  1  > 


i  i  *  i  '  _  .. 

x  1  i  ‘  ‘ ' ,  »-l  c-9^,e 

10  15  20  25  50  35  40  45  50  55 

<  ei  l  > 


model  parameters 
^=0.  050 
R=  1.00 


<  i  1 1  > 
zv.  7970 


1.  S5  8J 


<  0  0  1  > 


■A  ,  V  ,  .  ■:  /.  L  L  i  X791,2 

L  'Z  13  25  50  55  *0  45  5D  55 

<  01  1  > 


MODEL  PARAMETERS 

<>  =  0  .  0 
D  =  ra  r 


<  1  11  > 

5  30  5 


-<-*£:£>  X,;  \  \ 

:::5:v„-.b  0  l'r2  7.  i;  ; 


3  .  2  b  fc  (? 


<  0  0  1  > 


/  /  /  ,:r  ,:i  a  •  0  S  2  4 

’■A  15  20  SS . ’iu . 34' . 4^"  ’43  50  55 

<  0  1  1  > 


Figure  31  Model  Calculations  of  Relative  Elongation  Contours  within  a 
Standard  Orientation  Triangle:  (a)  Deformation  Mostly  by 
Octahedral  SI  i  p  wi  th  Strong  Interaction,  (b)  Equal  Parti  ci pati  on 
of  Both  Cube  and  Octahedral  Slip  with  Moderate  Interaction,  and 
(c)  Deformation  Dominated  by  Cube  Slip  with  No  Interaction 
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